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Abstract 

 

Problems concerning the native oxide of Ge hampered the integration of Ge into the 

Si-based semiconductor industry. After solving these problems and the successful integration 

of Ge on Si platforms, the superior properties of Ge in terms of hole and electron mobility when 

compared to Si have been used to develop novel high-performance devices. Nowadays, 

efficient doping of Ge which is already well-established for Si is now in the focus of this 

research field. In addition, metastable compounds based on Ge are of great interest due to the 

possibility of transforming Ge from an indirect bandgap semiconductor with very poor 

absorption and emission of light in the mid-IR range into a direct bandgap semiconductor. The 

down-scaling of material’s dimensions towards the nanometre regime enables the growth of 

materials with special properties and compositions which cannot be observed and reached for 

bulk materials. 

This work focuses on the growth of anisotropic, metastable alloys in a metal-assisted 

bottom-up growth process by the SLS/VLS-mechanism. The incorporation of the metal growth 

promoter by solute trapping during the growth of the Ge crystal is targeted which requires a 

kinetically controlled process at very low temperatures. In the first part of the results section 

the incorporation of Ga in a Ge crystal matrix via a vapour-phase process is described. The 

metastable composition of the material contains approximately four times the solubility limit at 

high temperatures and 50 times the composition limit at the actual growth temperatures. The 

material is highly conducting and shows metal-like behaviour. 

Furthermore, the incorporation of Sn in anisotropic Ge crystals is realised via a 

solution-based microwave-assisted process. The metastable Ge1-xSnx alloy (x = 0.17 - 0.28) 

nanostructures are formed via homogeneous nucleation and without the use of a template. 

Several new findings such as the stability of α-Sn at high temperatures, the Ge1-xSnx material’s 

stability with and without the presence of metallic Sn as well as the solid-state diffusion 

mechanism for the material degradation are observed. Based on these results, a phase map 

is suggested including the kinetic influence on phase evolution. In addition, the physical 

properties such as conductivity and indirect observation of a direct bandgap material are 

presented. The results obtained by this microwave approach are used to implement a 

vapour-phase process for the epitaxial growth of anisotropic, metastable Ge1-xSnx alloys with 

high Sn contents of 19 at. % on a Ge substrate. The size-dependence of a transition zone to 

accommodate the lattice mismatch between the growing material and the substrate is 

described. Finally, a direct bandgap of the material (0.29 eV) is demonstrated by 

photoluminescence. This is a significant step towards the integration of this compound on a Si 

platform. 

The obtained materials are characterised by electron microscopy, X-ray diffraction, IR 

absorption, and photoluminescence measurements. Furthermore, single NW devices are 

fabricated to evaluate the electronic properties of metastable Ge1-xSnx and Ge1-xGax 

nanowires. Results obtained in this thesis provide a deeper understanding of synthesis 

parameters of metastable compounds and demonstrate new approaches for the synthesis of 

materials achieved under kinetically controlled growth conditions. 
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Kurzfassung 

 

Die Integration von Ge in die Si-basierte Halbleiterindustrie war aufgrund von Problemen 

mit dessem nativen Oxid lange Zeit nicht rentabel. Es wurde allerdings ein Weg gefunden 

diese Probleme zu umgehen und Ge erfolgreich auf Si-Plattformen zu integrieren. Die 

herausragenden elektrischen Eigenschaften von Ge im Vergleich zu Si konnten ausgenutzt 

werden, um neuartige Hochleistungsbauteile zu entwickeln. Heutzutage ist das effiziente 

Dotieren von Ge, welches für Si bereits weitestgehend erforscht ist, im Fokus dieses 

Forschungsfeldes. Außerdem sind metastabile Ge-Legierungen von großem Interesse, da sie 

die Möglichkeit bieten Ge von einem indirekten Halbleiter mit schlechter Lichtabsorption 

und -emission im mittleren Infrarotbereich in einen direkten Halbleiter umzuwandeln. Die 

Reduktion von Materialdimensionen innerhalb des Nanometerregimes ermöglicht das 

Wachstum von Materialien mit speziellen Eigenschaften und Zusammensetzungen, welche 

aus thermodynamischer Sicht unerreichbar wären, können dadurch realisiert werden. 

Der Fokus dieser Arbeit liegt auf dem Wachstum anisotroper, metastabiler Legierungen in 

einem metallunterstützten Bottom-up-Wachstumsprozess mittels SLS/VLS-Mechanismus. Der 

Einbau des Wachstumskeims durch das Einfangen von Atomen an der Wachstumsfront des 

wachsenden Ge Kristalls wird in einem kinetisch kontrollierten Prozess bei sehr niedrigen 

Temperaturen durchgeführt. Im ersten Abschnitt der Arbeit wird über den Einbau von Ga in die 

Ge-Matrix mithilfe eines Gasphasenprozesses berichtet. Die metastabile Legierung enthält 

ungefähr die vierfache Menge an Ga im Vergleich zur thermodynamisch festgelegten 

Löslichkeitsgrenze bei hohen Temperaturen. Dies entspricht dem 50-fachen des 

thermodynamisch möglichen Einbaus bei der eigentlichen Wachstumstemperatur. Das 

erzeugte Material ist sehr leitfähig und zeigt metallähnliches Verhalten. 

Außerdem wird der Einbau von Sn in einen anisotropen Ge-Kristall, mithilfe eines 

Mikrowellenprozesses in flüssiger Phase, realisiert. Die metastabilen, nanostrukturierten 

Ge1-xSnx-Legierungen (x = 0.17 - 0.28) werden durch homogene Nukleation und ohne die 

Verwendung eines Templates erzeugt. Es können dabei einige neue Erkenntnisse, wie die 

hohe thermische Stabilität von α-Sn, die Stabilität der Ge1-xSnx-Legierungen bei An- und 

Abwesenheit von metallischem Sn sowie ein Zerfall der metastabilen Legierung durch 

Festphasendiffusion, gewonnen werden. Darauf basierend wird eine Phasenkarte erstellt, die 

kinetische Einflüsse inkludiert. Außerdem werden physikalische Eigenschaften der 

hergestellten Materialien, wie die Leitfähigkeit und die indirekte Beobachtung eines direkten 

Halbleiterverhaltens, präsentiert. Die Ergebnisse der Mikrowellenmethode werden verwendet, 

um einen Gasphasenprozess für das epitaktische Wachstum von anisotropen, metastabilen 

Ge1-xSnx Legierungen mit hohem Sn Gehalt (19 at. %) auf einem Ge-Substrat zu ermöglichen. 

Die Größenabhängigkeit einer Übergangszone, die den Unterschied der Gitterparameter 

zwischen dem Substrat und der wachsenden Legierung ausgleicht, wird untersucht. 

Schließlich wird die direkte Bandlücke des Materials (0.29 eV) mittels 

Photolumineszensmessungen bestimmt. Die präsentierte Methode ist ein weiterer Schritt in 

Richtung der Integration dieser metastabilen Legierung auf eine Si-Plattform. 

Die synthetisierten Materialien werden mittels Elektronenmikroskopie, Röntgendiffraktion, 

IR Absorption und Photolumineszensmessungen charakterisiert. Außerdem werden 

Einzeldrahtmessungen an metastabilen Ge1-xSnx- und Ge1-xGax-Nanodrähten zur Evaluierung 

der elektrischen Eigenschaften durchgeführt. Die erhaltenen Resultate dieser Arbeit liefern ein 

tieferes Verständnis der Syntheseparameter metastabiler Verbindungen und zeigen neue 

Methoden zur Synthese von Materialien bei kinetisch kontrollierter Prozessführung. 
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1 Introduction 
 

For a long time, Ge has not played a role in complementary metal-oxide-semiconductor 

(CMOS) industry due to the poor quality of the native oxide. GeO2 is unstable and decomposes 

to several suboxides which create a high density of traps at the interface to Ge.1, 2 However, 

this problem has been solved by the possibility to grow high-κ dielectrics on Ge.3-8 

Among all known semiconductors, Ge has the highest hole mobility and at the same time 

higher electron mobility compared to Si. A comparison of Si, Ge, and III/V-semiconductors is 

shown in Figure 1. Although III/V-semiconductors exhibit very high electron mobilities, the hole 

mobilities are relatively low due to the larger valence band effective mass and higher 

carrier-scattering rate for hole transport. Furthermore, the bandgap energy is an important 

property of a semiconductor targeted for the use in devices such as 

metal-oxide-semiconductor field-effect transistors (MOSFETs). The bandgap energy should 

be high enough when compared to the supply voltage to prevent band-to-band tunnelling 

(BTBT) and thermionic emission resulting in leakage. Although III/V-compounds such as InSb 

and InAs have high electron mobilities, they are not the ideal candidates for 

MOSFET-fabrication due to their small bandgap energies. Considering all these points, Ge is 

an ideal candidate to improve the performance of MOSFETs.9 

 

 

Figure 1: The bulk hole (unfilled symbols)/electron (filled symbols) mobility and the 
corresponding bandgap energy for different semiconductors. Reproduced with permission 
from Springer Nature.9  
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Several approaches to integrate Ge on a Si substrate have emerged over the last decades 

which is a crucial step to process Ge by conventional CMOS techniques. The large lattice 

mismatch of 4.2 % between Ge and Si results in high defect densities when Ge is epitaxially 

grown on a Si substrate due to the high internal strain which cannot be compensated after a 

few monolayers. Misfit dislocations allow the epitaxially grown Ge thin film to relax but at the 

same time the electrical and optical properties are degraded.10 

Therefore, Si1-xGex buffer layers are used to either gradually or abruptly, in a few steps, 

increase the lattice parameter. The Ge layer can then be grown on the buffer layer and defect 

density is reduced dramatically.11-16 Another possibility is the epitaxial growth of a thick Ge 

layer in a two-step process and subsequent thermal annealing to reduce the defect density 

near the surface.17-20 Besides these approaches, alternative techniques including wafer 

bonding,21 condensation,22 and lateral liquid-phase epitaxy have emerged.23 

The ongoing miniaturisation of devices towards the nanometre regime makes the controlled 

synthesis of suitable building blocks vital. During the last two decades many approaches 

enabling the morphologically controlled synthesis of Ge nanostructures have been established. 

A very interesting method for the anisotropic crystal growth of Ge nanostructures is the 

metal-assisted bottom-up growth.24  

Group 14 elements can cover a wide range of applications but are limited by their physical 

properties which includes the indirect bandgap behaviour of Si and Ge. Recently, significant 

improvements in the electrical and optical properties of group 14 semiconductors by 

doping/alloying with atoms of different elements have been demonstrated.25-28 For instance, 

specific synthesis conditions allow the intentional incorporation of atoms from the seeding 

metal particle in the growing semiconductor crystal via a metal-supported growth technique.29-

35 However, a controlled incorporation of atoms from the seed beyond the solubility limit, which 

is ruled by thermodynamics, is still a very challenging task. 

The expected effects for the incorporation of impurities in the Ge matrix on the physical 

properties strongly depend on the element which is used for this purpose. For instance, 

incorporation of group 13 elements such as Ga which is part of this thesis creates charge 

carries in the valence band. The resulting shift of the Fermi level can be carried to the limit by 

alloying beyond the maximum solubility which can lead to a degenerate semiconductor 

showing metal-like behaviour. 

One possibility to dramatically improve the optical properties of Ge can be achieved by 

alloying Ge with high amounts of Sn which would pave the way for the fabrication of novel 

optoelectronic devices operating in the mid-infrared (mid-IR) range.27, 36 However, alloying Ge 

with the targeted high amount of Sn results in a metastable compound which requires a 

kinetically driven process for the growth of this material. The interest in realising high Sn 

incorporation in the Ge host lattice can be confirmed by an increasing number of publications 

(Figure 2a) and citations of these publications (Figure 2b) focusing on the metastable Ge1-xSnx 

alloy as illustrated in Figure 2. 
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Figure 2: (a) shows the sum of publications per year reporting on Ge1-xSnx alloys during the 
years 1977 - 2018. (b) The sum of citations of publications considered in (a) are plotted for the 
same time range (www.webofknowledge.com, search item: GeSn or Ge1-xSnx or Ge1-ySny, 
08.02.2019, 15:19). 

 

1.1 Anisotropic Ge nanostructures 

 

Controlling the morphology of a material is a matter of great importance in the materials 

community. It is well-known from literature that physical properties can be altered due to 

quantum confinement effects.37-39 Furthermore, surface effects are more dominant for 

materials where certain dimensions are scaled down towards the nanometre regime.40 

One-dimensional (1D) Ge nanostructures, such as nanorods (NRs) and nanowires (NWs), are 

applicable in many research areas including electronics,41, 42 optoelectronics,43 sensors,44, 45 

and batteries.46-48 The term “one-dimensional” describes the morphology of a structure and 

means that one dimension is outside the nanometre regime (< ~ 100 nm).24 However, it must 

be distinguished between two general strategies to produce these structures. 

The first approach is based on the controlled removal of atoms from a bulk material to obtain 

the desired anisotropic structure. The so-called top-down method includes masking techniques 

in combination with chemical and physical etching. The most prominent benefit of this 

approach is meticulous morphological control, but at the same time a low throughput and rough 

surfaces are undesirable.24 

On the other hand, an anisotropic morphology can be achieved by the controlled nucleation 

and growth of a crystal using molecular or atomic building-blocks. This bottom-up approach 

includes synthesis strategies where the crystal growth on certain facets is inhibited49 or 

templates force the nucleation and growth of the crystal in a certain direction resulting in the 

desired geometry.50-52 In addition, defects on a substrate including screw dislocations can force 

the controlled nucleation resulting in 1D structures.53  
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1.1.1 The metal-assisted growth of 1D structures 

 

This thesis focuses on the metal-assisted growth of anisotropic structures. Metal particles 

can act as growth promoter enabling the controlled nucleation and growth of materials 

including group 14 semiconductors.24 The first attempt of growing anisotropic structures by a 

metal-assisted approach can be traced back to a report in the year 1964 where Au facilitates 

the growth of Si whiskers.54 

Literature differentiates between vapour- and liquid-phase environments in which the 

precursor is supplied. Furthermore, it is important to distinguish between the different 

aggregate states of the metal under growth conditions.24 The most important terms including 

information on the conditions during metal-assisted growth of anisotropic materials are 

vapour-liquid-solid (VLS),54 vapour-solid-solid (VSS),55 and solution-liquid-solid (SLS) growth 

mechanism.56 Some studies report on metal-assisted growth in a supercritical fluid (SF).57-60 

The notation of these mechanisms contains information on the medium which transports the 

precursor, the aggregate state of the metal, and the aggregate state of the growing material. 

For the synthesis of anisotropic Ge crystals via a bottom-up process based on the supply 

of Ge by the thermal decomposition of a Ge precursors, certain requirements must be fulfilled. 

The efficient removal of ligands from the precursor molecule is vital to observe anisotropic Ge 

crystals with high quality. Depending on the phase in which the process is implemented, further 

properties of the precursor molecule are important to be applicable for the targeted process 

including, e.g., vapour pressure and solubility. Common precursor molecules acting as source 

for the supply of Ge by thermal decomposition are summarised in Table 1. Besides the thermal 

decomposition of a precursor, reducing agents which are not considered in Table 1 can initiate 

the decomposition of the precursor molecule at lower temperatures.61  

 

Table 1: Common Ge precursors to produce nanostructures via vapour-, solution-, and 
supercritical fluid-based processes and the temperature of their thermal decomposition. 

Precursor 
Decomposition 

temperature (°C) 
Phase Reference 

bis[bis(trimethylsilyl)amido]germanium(II) 325/285 vapour/liquid 62, 63 

bis[π-cyclopentadienyl]germanium(II) 325 vapour 64 

digermane 300 vapour 65 

diphenylgermane 400 
supercritical 

fluid 
66 

germane 300 vapour 67 

n-butylgermane 370 vapour 68 

oligosilylgermane 170 liquid 69 

t-butylgermane 300 vapour 70 
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Furthermore, a wide range of metals was investigated in terms of their capability to facilitate 

the growth of 1D Ge nanostructures. The metals suitable for this purpose are summarised in 

Table 2 and the related minimum synthesis temperature and the aggregate state of the metal 

during growth are noted. 

 

Table 2: Summary of metal seeds initiating the growth of 1D Ge structures and minimum 
growth temperatures in a process where Ge is supplied by the thermal decomposition of a 
precursor molecule. This table is limited to pure metals without formation of germanides at the 
growth temperature. 

Metal 
Minimum growth temperature 

(°C) 
Precursor Mechanism Reference 

Ag 370 diphenylgermane SFSS 59 

Al 400 - 450 diphenylgermane SFSS 71 

Au 250 digermane VSS 72 

Bi 350 
germanium 

diiodide 
SLS 56 

Ga 170 t-butylgermane SFLS 73 

In 180 oligosilylgermane SLS 69 

Ir 460 diphenylgermane SFSS 74 

Pb 330 diphenylgermane SFLS 75 

Sb 650 germanium VLS 76 

Sn 230 germanium imides SLS 77 

 

Low melting metals in combination with a precursor decomposing at low temperatures open 

the possibility to grow anisotropic Ge nanostructures with metastable composition. The seed 

material can be incorporated in the Ge matrix via the interface of the liquid metal and the 

growing material in a kinetically controlled process. As result, metastable Ge-based alloys with 

novel physical properties can be realised by this approach and will be discussed vide infra. 

  



6 

1.2 Doping 

 

Altering the electrical properties of Si and Ge by the incorporation of foreign atoms in the 

crystal lattice is a common method in the semiconductor industry. For the so-called doping of 

group 14 semiconductors group 13 and 15 elements are of great interest. In a simplified 

scenario, the foreign atom is supposed to substitute a group 14 atom on a regular lattice 

position. Ge and Si have a high degree of covalence in bonding which allows the prediction of 

the generated charge carrier type by the valency of the doped element. Considering this 

definition group 13 dopants (acceptors) generate additional holes (p-type semiconductor) while 

group 15 dopants (donors) generate additional electrons (n-type semiconductor) in the 

group 14 semiconductor. In detail, donors can transfer an extra electron to the conduction 

band, while acceptors can bind an electron from the valence band resulting in an additional 

hole in the valence band. Furthermore, it must be distinguished between shallow and 

deep-level donors/acceptors. The energy levels of shallow donors/acceptors differ by only a 

small margin from the conduction/valence band energy resulting in a very efficient transfer of 

the electron. On the other hand, deep-level donors/acceptors are inefficient in generating 

mobile charge carries and act as undesirable non-radiative recombination centres of 

electron-hole pairs. A prominent example for unwanted deep-level traps in a semiconductor is 

the incorporation of Au atoms in the Si matrix when producing Si NWs via the VLS-mechanism 

using Au as growth promoter.78-81 

One cubic centimetre of Ge contains approximately 4.4∙1022 Ge atoms. For doping of 

group 14 semiconductors, the range of impurity concentrations cannot be defined easily but is 

approximately < 1020 cm-3 (0.23 at. %)82 which is below the thermodynamically fixed maximum 

solid solubility of common group 13 and 15 elements in Ge.83-87 Consequently, the host 

material retains its crystal structure by the incorporation of dopants. For impurity 

concentrations < ~ 1020 cm-3, the consideration of localised energy levels within the electronic 

band structure of the pure semiconductor is valid. The situation changes dramatically for highly 

doped group 14 semiconductors where impurities cannot be longer considered as localised 

energy levels. Consequently, localised energy levels merge to impurity bands resulting in a 

significant change of the physical properties of the material, which will be discussed in detail 

in Chapter 1.3.82, 88-90 

Ideally, dopants occupy a regular position of the host lattice such as Ge.91 At thermal 

equilibrium, vacancies are the predominant intrinsic point defects in Ge and much higher 

concentrated than interstitial defects due to the lower formation energy of vacancies in Ge.92-

96 At elevated temperatures these vacancies can interact with impurities located at a 

substitutional site promoting the diffusion in Ge via mobile impurity-vacancy pairs.97 

The temperature-dependent diffusion coefficients of group 13 and 15 dopants are 

compared to Ge self-diffusion, which is the diffusion of Ge atoms in Ge bulk-material, in 

Figure 3. Localised states within the bandgap of Ge formed by impurities and intrinsic defects 

can be charged depending on whether these states are occupied or not which strongly 

depends on the location of these states with respect to the Fermi level.98 Vacancies in n-type 

Ge are dominated by doubly negatively charged species, while group 15 impurities on a 

substitutional site are singly positively charged resulting in a strong Coulomb interaction 

between these species.99-101 For p-type Ge, neutrally charged vacancies are pronounced and 

singly negatively charged group 13 impurities on a substitutional site are expected.91, 100 For 

n-type (group 15) dopants the diffusion through the Ge matrix can be described by the vacancy 
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mechanism via a singly negatively charged impurity-vacancy pair.99, 101, 102 Also the diffusion of 

group 13 dopants in Ge is mediated via vacancies except for B which forms non-stable 

B-vacancy pairs and due to the high diffusion activation energy an interstitial mechanism is 

suggested.91, 103-105 Diffusivities of group 15 impurities in Ge are much higher compared to 

group 13 dopants due to smaller Coulomb interactions between the substitutional group 13 

dopant and a vacancy.100 For n-dopants of group 15 a clear increase of the diffusion coefficient 

can be observed due to the increasing stability of the group 15 impurity-vacancy pair for higher 

atomic numbers which can be ascribed to elastic interactions.91 The diffusion coefficients are 

very important to predict whether a dopant is suitable to achieve the desired doping profile 

after implantation of the impurity and subsequent thermal annealing which will be discussed 

vide infra. 

 

 

Figure 3: Diffusivities of different dopants in Ge versus temperature. Reproduced with 
permission from AIP Publishing.100 

 

Furthermore, a strong enhancement of donor diffusion for n-doping levels in the extrinsic 

doping regime can be observed, which means that the carrier concentration is dominated by 

the doping-level and not by the intrinsic carrier concentration.99 In contrast to extrinsic 

semiconductors, the carrier concentration in intrinsic semiconductors strongly depends on the 

temperature. A possible explanation for this experimental observation can be provided by ab 

initio calculations as shown in Figure 4 predicting a decrease of the formation energy of doubly 



8 

negatively charged vacancies by increasing the Fermi level in n-type Ge.106 Consequently, a 

higher concentration of impurity-vacancy pairs can be expected for higher Fermi levels which 

is equal to a higher n-type doping-level.107 

 

 

Figure 4: The formation energy of vacancies with different charges is plotted versus the Fermi 
energy which suggests the predominance of doubly negatively charged vacancies for highly 
n-doped Ge. Reproduced with permission from AIP Publishing.106 

 

1.2.1 Techniques for producing highly doped Ge thin films 
 

Over the years a wide range of different techniques to produce n- and p-type doped Ge thin 

films have been developed. It has been shown that for n-type doping P is a very promising 

candidate due to the higher solubility in Ge, the lower activation energy for creating electrically 

active impurities, and lower diffusivity in Ge resulting in a much higher maximum active dopant 

concentration when compared to As and Sb. The maximum solubility of P in Ge is 6∙1020 cm-3 

(1.36 at. %) which is the highest value when compared to As (2∙1020 cm-3/0.45 at. %) and Sb 

(1.5∙1019 cm-3/0.03 at. %).83, 108 

In the case of p-type doping B is of great interest. As discussed earlier, the formation of 

B-vacancy pairs is energetically not favourable and a diffusion mechanism mediated by 

interstitial defects which are not common in Ge is suggested.91-96, 103 Therefore, high active 

dopant concentrations can be reached with B due to the high solid solubility (> 1020 cm-3 over 

a wide temperature regime) and the low diffusion tendency in Ge in a moderate temperature 

regime.83, 109, 110 
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In general, the production of highly n-type doped Ge thin films is more complicated 

compared to highly p-type doped Ge. This phenomenon can be ascribed to the high diffusivities 

of group 15 impurities in Ge resulting in broad dopant spatial distributions and a high 

deactivation mediated by negatively charged vacancies.100, 107  

Different techniques for doping Ge with P can be found in literature and are discussed in 

terms of achievable active dopant concentrations and the state of the doping profile. The 

alternative doping methods for the standard ion implantation technique can be grouped into 

in situ and ex situ techniques. 

By ion implantation of P and subsequent rapid thermal annealing (RTA) of the Ge thin film 

at 500 °C maximum electrically active dopant concentrations up to 5∙1019 cm-3 are obtained 

along the doping profile. The repetition of implantation and RTA leads to electrically active 

dopant peak concentrations up to 1∙1020 cm-3. At an implantation dose of 6∙1014 P cm-2 per 

cycle the depth of the doping profile is approximately 200 nm.111 

Ex situ approaches including gas immersion laser doping (GILD)112 and spin-on dopant 

(SOD)113 avoid ion implantation and the resulting lattice damage giving electrically active 

dopant concentrations higher than 1∙1019 cm-3 and box-like doping profiles.  

Co-doping, which means the incorporation of dopants during the growth of a Ge thin film 

(in situ), can be performed by chemical vapour deposition (CVD)114-117 or molecular beam 

epitaxy (MBE)118 approaches resulting in electrically active dopant concentrations in the range 

of 1∙1019 cm-3 - 8∙1019 cm-3. Furthermore, deep box-like doping profiles can be achieved by this 

method.  

A very promising technique to obtain highly P-doped Ge is the so-called δ-doping. In a 

typical process, Ge thin films are deposited via MBE119-121 or CVD122, 123 followed by P precursor 

(PH3 or P2) dosing. The dosed molecules are adsorbed on the Ge surface and thermally 

incorporated within the Ge surface layer. In a further step, Ge is again grown epitaxially on top 

of the P-enriched surface. This process can be repeated to produce stacked δ-doped layers 

with arbitrary thickness. The δ-doped layers are few nanometres thick and separated by very 

thin Ge spacers (down to 2 nm) to prevent dopant diffusion. At the end of the process a Ge 

capping layer is deposited on top of the stacked δ-doped layers. Electrically active dopant 

concentrations up to 1.8∙1020 cm-3 are demonstrated and a sharp box-like shaped doping 

profile near the surface is achieved by this technique.121 

In addition, ion implantation is a possible strategy to reach high doping levels for p-type 

doping of Ge with B.109, 110, 124 The drawbacks of ion implantation namely lattice damage and a 

high number of electrically inactive impurity-defect clusters, which are congregates of more 

than two point defects, are less problematic in the case of B-doping resulting in a high dopant 

activation right after the implantation. Hole concentrations up to 2∙1020 cm-3 have been reported 

which is a desired doping level for many applications.110 

Besides ion implantation, a high number of in situ approaches can be found in literature 

including CVD125-127 and MBE.128, 129 In situ B-doping of epitaxially grown Ge on Si with different 

substrate orientations via an ultra-high vacuum CVD (UHVCVD) process is presented in 

literature. For Ge grown on Si(100) which is the standard in the semiconductor industry, 

electrically active dopant concentrations up to 4∙1019 cm-3 can be obtained.127 

The higher tendency of n-type dopants to form deep-level impurity-vacancy clusters 

compared to p-type dopants results in a higher amount of electrically inactive impurities for 
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group 15.130, 131 In addition, electrically inactive defect clusters can be formed for impurity 

concentrations > 1020 cm-3 and deactivate group 15 dopants.99, 105, 107 As already discussed 

above, dopant deactivation for B-doped Ge is not that much pronounced when compared to 

n-doping due to predominant neutrally charged vacancies in p-type Ge.91, 100 However, thermal 

annealing and activation of the impurity after ion implantation via recrystallisation of the Ge 

crystal lattice is a crucial step due to the induced lattice damage by this method. The lattice 

damage which is more pronounced for implantation of atoms with higher atom mass has to be 

limited by keeping the implantation energy/dose as low as possible.132 

Standard techniques for thermal annealing of semiconductors are furnace annealing 

(FA),133-135 RTA,109 flash lamp annealing (FLA),136 laser annealing (LA),135, 137 and solid-phase 

epitaxial regrowth (SPER).138 High dopant activation is observed by B implantation in Ge with 

subsequent thermal annealing103, 109, 139 but even without.110 On the other hand, thermal 

annealing of group 15-doped Ge by ion implantation is critical in terms of substrate loss140 and 

dose losses caused by out-diffusion.137 Substrate loss is a phenomenon emerging by the 

thermal annealing of uncapped Ge substrates and describes the loss of Ge material during 

this process. However, the origin of this effect still remains unclear.140 However, dopant 

activation for P-doped Ge produced by ion implantation and subsequent thermal annealing is 

well-studied and demonstrated successfully in literature.111, 141-143 

In addition, much research effort is put into point defect engineering strategies to reduce 

extrinsic donor diffusion and to increase the electrically active dopant concentration. 

Impurity-vacancy pairs cause diffusion of group 13 (excluding B) and 15 dopants in Ge.97 

Therefore, the main approaches to prevent dopant diffusion are creating self-interstitials during 

the ion implantation which then can recombine with vacancies during the thermal annealing144, 

145 and co-doping of electrically inactive impurities for trapping vacancies.105, 131, 146-149  

 

1.2.2 Devices 
 

In the recent past, diodes,150-154 photodetectors,155-158 transistors,4, 7, 159-173 and lasers25, 26 

based on Ge have been developed. Therefore, the controlled incorporation of impurities to 

achieve high-quality p-n-junctions with shallow junction depths is a crucial step to obtain 

electronic and optoelectronic devices with high performances.174 

Several approaches for the formation of high-quality p+-n- and n+-p-junctions based on Ge 

haven been presented which resulted in the fabrication of high-performance Ge-based 

diodes.150-154 In addition, Ge photodetectors with p-i-n-junctions have been realised and their 

performances are comparable to state-of-the-art In1-xGaxAs (InGaAs) photodetectors.155-158 

A high number of Ge p-MOSFETs with excellent hole mobilities can be found in literature.4, 

7, 159, 161-166 On the other hand, the performance of Ge n-MOSFETs is still limited by the parasitic 

resistance of the source/drain which can be assigned to the already discussed complexity of 

n-type doping for Ge. However, the first high-performance Ge n-MOSFET has been presented 

recently. LA after the implantation of the dopant results in a high dopant activation and a 

significantly reduced sheet resistance due to the high-quality n+-p Ge junctions.168 The 

complexity of n-type doping for Ge n-MOSFETS can also be overcome by the substitution of 

highly n-type doped source and drain using a metal source/drain MOSFET configuration.169, 

170, 175, 176 
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Additional architectures for field-effect transistors (FETs) based on Ge NWs are presented 

in literature.41, 42, 171-173, 177 Ge NWs with few diameters showing quantum confinement effects 

are very promising building blocks for MOSFETs due to ballistic transport and conductance 

quantisation.178, 179 However, the formation of an electrical contact between a metal and the 

Ge NW is a crucial and highly investigated step to obtain low parasitic resistance of 

source/drain. Fermi level pinning due to the high density of metal-induced gap states is very 

common for metal/Ge contacts resulting in high Schottky barriers for electrons. Therefore, 

Fermi level depinning is the key to obtain a low parasitic resistance of source/drain.169, 180-182 

Ge lasers working in the mid-IR range require high n-doping levels to shift the Fermi level 

towards the minimum of the direct Γ-valley which forces the electrons to occupy the Γ-valley 

and is vital due to the indirect bandgap behaviour of Ge.183, 184 The successful implementation 

of optically25 and electrically26 pumped Ge lasers has been demonstrated in literature.  

 

1.3 Hyperdoping 

 

Doping beyond the thermodynamically fixed solubility limit accompanied by a high carrier 

concentration can be called “hyperdoping” and has the potential to alter the physical properties 

of semiconductors dramatically due to the formation of impurity bands which can additionally 

interact with conduction or valence band.82, 88-90 However, to achieve hyperdoping kinetically 

controlled processes must be established resulting in material compositions which are not 

thermodynamically stable. 

For Si and Ge, effects including the metal-insulator transition, sub-band gap optical 

absorption, and localised surface plasmon resonances can be observed by hyperdoping.185-187 

The incorporation of deep-level dopants in Si such as chalcogens,186, 188 Ti,189 and Au190 is a 

highly interesting field of research due to the potential of realising Si-based short-wavelength 

infrared (IR) photodetectors. Furthermore, the intermediate-band formation in highly deep-level 

doped Si NWs could overcome the Shockley-Queisser limit by extending the energy range of 

absorbed photons which would be a breakthrough in the solar cell community.188, 191-195 

The existence of deep-level traps in chalcogen-doped Ge shows the possibility of deep-level 

impurity bands also for Ge.196 In this respect, the incorporation of high S concentrations into 

Ge by a pulsed laser process obtained an external quantum efficiency higher than 100 % for 

the produced photodiode.197 

Recently, a high amount of Al incorporation was observed in Al-assisted bottom-up grown 

Si NWs via the VLS-mechanism (Figure 5).29-31 An electrically active dopant concentration of 

approximately 1∙1019 cm-3 for Si NWs has been reported by this approach.29 A detailed 

investigation of the incorporation mechanism of Al in the Si matrix is presented and 

homogeneously distributed Al contents of 4.3 at. % which are far beyond the maximum solid 

solubility of Al in Si are obtained.198 Solute trapping199, 200 at step edges during the step-flow 

growth201, 202 of the bilayers is identified as reason for this observation.31 The determined 

growth rate is quite low making incorporation beyond the thermodynamic limit implausible by 

the suggested model. However, the high incubation time required for the nucleation is identified 

as the growth rate-determining step. Therefore, the required time for the step to grow across 

the whole NW diameter is low enough to enable high Al incorporation. Furthermore, a 

temperature-dependence of the Al incorporation is observed. At 410 °C the incorporation of 
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0.4 at. % is achieved, while at 470 °C Al contents up to 4.3 at. % are reached. This observation 

points out that not only the rate of thermally activated atomic jumps but also other parameters 

have to be taken into account and incorporation of impurities via the VLS-mechanism is 

different for each binary system.30, 31 

 

 

Figure 5: (a) shows an annular dark-field transmission electron microscopy (TEM) image of 
an Al-seeded Ge NW. (b) An energy dispersive X-ray spectroscopy (EDX) line-scan is 
collected along the line indicated in (a). EDX spectra collected from (c) position A which is 
within the NW body and (d) position A’ which belongs to the Al seed. Reproduced with 
permission from American Chemical Society.29 

 

Growth promoters considered for the metal-assisted bottom-up growth of Ge NWs by the 

thermal decomposition of a precursor molecule which have potential of being incorporated in 

the NW matrix can be found in Table 2. However, high incorporation shall be achieved by a 

kinetically controlled process which requires low growth temperatures and at the same time 

high growth rates. The minimum growth temperature is limited by the decomposition 

temperature of the Ge precursor at which the metal should be in the liquid aggregate state to 

ensure a higher probability for incorporation in the Ge lattice. Ir has a very high melting point 

and can therefore be ruled out for this purpose. Furthermore, Ag and Au create deep-level 

traps in Ge,203 while Pb204 and Sn205 can be used for altering the band structure of Ge. 

Therefore, only Al, Bi, Ga, In, and Sb can be considered as growth promoters having the 

potential of being incorporated into the Ge lattice during the VLS-growth and increasing the 

charge carrier concentration dramatically. However, under the used synthesis parameters no 

incorporation in the Ge matrix is observed for Al-,71 Bi-,56 and Sb-facilitated76 growth of Ge 

NWs. 

In contrast, high incorporation of In in Ge NWs via a low temperature synthesis approach 

can be achieved. Although In contents up to approximately 2 at. % are obtained, no data on 

the electrically active dopant concentration is provided making statements about the efficiency 

of this approach impossible.69 A procedure for the production of Ga-doped Ge NWs by the 
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incorporation of Ga from the growth seed is presented in this thesis and explained in detail 

vide supra (Chapter 3.1). 

Besides synthesis strategies based on the thermal decomposition of a precursor, Ge 

microwires (MWs) using Ga, In, Bi, Hg, and alloys of these elements as growth promoter are 

produced in an electrochemical liquid-liquid-solid (ec-LLS) approach at temperatures below 

100 °C.32-35, 206-211 The observed impurity levels and resistivities of Ge MWs are summarised in 

Table 3. 

Table 3: Summary of metal incorporation in Ge MWs synthesised via the ec-LLS approach.32-

35, 206 

Growth promoter Impurity level (at. %) Resistivity (Ω∙cm) Reference 

Ga ~ 10 1.5 33 

Ga0.832In0.168 ~ 10 (Ga), < 10-1 (In) ~ 5∙10-3 35 

In 0.14 3.8∙10-5 (estimated) 32 

Bi0.213In0.787 ~ 6 (In), ~ 3 (Bi) 3.2∙10-3 34 

Hg - 0.4 206 

 

Although extraordinary high amounts of Ga, In, and Bi are incorporated in the Ge matrix 

only a small fraction seems to be electrically active. A reason for the high resistivity considering 

such high dopant concentrations could be related to crystallinity issues, high 2- and 

1-dimensional defect densities, non-substitutional incorporation of the dopant, and electrically 

inactive impurity-defect clusters.33-35 In seems to be incorporated at substitutional sites of the 

Ge crystal lattice quite efficiently at process temperatures of 95 °C. However, it must be 

considered that the resistivity is just estimated by the blue-shift in the absorption spectrum 

whereby results from this report should be questioned critically.32 

Figure 6 shows the maximum solid solubility of Bi212/In213 in Ge which is approximately 

7∙1016 cm-3 (1.6∙10-4 at. %)/4∙1018 cm-3 (9.1∙10-3 at. %) and clearly points out the potential of 

achieving high dopant concentrations by the ec-LLS approach. Nevertheless, it should be 

considered that resistivity values are far too high for such high dopant concentrations. This 

raises the question where the electrically inactive impurities are located and if metal clusters 

homogeneously dispersed in the Ge matrix and/or high defect densities may cause the 

observed slight/missing reduction of resistivity when compared to intrinsic Ge.214, 215 

The incorporation of high amounts of Al, Ga, In, P, As, and Sb in Ge nanocrystals can be 

enabled via a solution-based process.216 The binary phase diagrams of Ge with these elements 

suggest an incorporation beyond the solubility limit at the chosen synthesis temperature of 

300 °C.84-87, 213, 217 However, no free charge carries could be observed via optical absorption 

and electron paramagnetic resonance (EPR) spectroscopy. Ligand-bonding to impurities as 

well as surface and bulk defects are suggested as main reasons for this observation.216 

A microwave-assisted solution-based process for hyperdoping Ge nanocrystals facilitates 

Bi concentrations up to 2 at. %218 which is far above the maximum solid solubility of 

approximately 1.6∙10-4 at. % Bi in Ge.212 X-ray diffraction (XRD) measurements confirm the 

successful incorporation of Bi in the Ge lattice leading to a shift of the Ge reflections towards 

smaller 2θ values and exclude the presence of a crystalline Bi phase; however, this does not 
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exclude clustering of Bi in a size range being X-ray amorphous. Increased conductivity values 

are obtained for incorporation of Bi as determined by resistance measurements of Bi-doped 

Ge nanocrystal films and can be assigned to both higher free charge carrier densities and 

lower bandgap energies.218 

 

 

Figure 6: This diagram represents the temperature-dependent solid solubility of (a) Bi212 and 
(b) In213 in Ge. Reproduced with permissions from Springer Nature.212, 213 
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1.4 Group 14 alloys 

 

In the last decades, several approaches have been developed to alter the physical 

properties of group 14 semiconductors. Besides strain engineering, which allows to adjust the 

band structure of the semiconductor, alloys of group 14 elements show superior physical 

properties, when compared to their pure group 14 counterpart.219 In particular, the binary alloys 

including Si1-xGex and Ge1-xSnx, as well as the ternary SixGe1-x-ySny alloy have been 

investigated.220-222 

The most important physical properties of Ge and Si are summarised in Table 4.223, 224 Si 

and Ge are indirect bandgap semiconductors which makes them inefficient as absorbers or 

emitters of light for optoelectronic devices working in the mid-IR range. The binary alloys are 

following Vegard’s law, which defines the lattice parameter of solid solutions as a linear 

combination of the lattice parameters of the pure components, quite accurately.225, 226 In 

addition, physical properties of α-Sn are included to provide information about trends of certain 

properties.223 

 

Table 4: The most important physical properties of Si, Ge, and α-Sn are summarised.223, 224 

 Si Ge α-Sn 

Crystal structure Diamond cubic Diamond cubic Diamond cubic 

Lattice constant (nm) 0.5431 0.5646 0.6489 

Direct bandgap energy (eV) 3.22 0.800 -0.41 

Indirect bandgap energy (eV) 1.12 0.664 0.14 

Electron mobility (cm2∙V-1∙s-1) 1400 3900 - 

Hole mobility (cm2∙V-1∙s-1) 450 1900 - 

 

The binary phase diagrams of Ge-Si227 and Ge-Sn228 illustrated in Figure 7 clearly point out 

the impossibility of growing Ge1-xSnx with high Sn contents in a thermodynamically controlled 

process while the Si1-xGex alloy can be synthesised by such an approach. The Ge-Si systems 

shows miscibility over the whole composition range (Figure 7a), while the Ge-Sn system 

contains a miscibility gap (Figure 7b). The Ge-Sn phase diagram already suggests that in the 

case Sn contents exceeding the solubility are desired the material synthesis must be carried 

out under conditions far away from the thermodynamic equilibrium. According to the inset in 

Figure 7b, the maximum solid solubility of Sn in Ge is approximately 1 at. % which makes 

kinetically driven processes for the growth of Ge1-xSnx with higher Sn contents vital. Similarly, 

thermodynamic considerations suggest a miscibility gap at high Sn contents for the ternary 

phase diagram of the Ge-Sn-Si system limiting the composition range for the ternary alloy 

when grown in a thermodynamically driven process. 
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Figure 7: Binary phase diagrams of (a) the Ge-Si227 and (b) the Ge-Sn system228 highlight (b) 
the limitations but also (a) the possibility of growing group 14 alloys over a wide composition 
range in a thermodynamic process. Reproduced with permissions from Springer Nature.227, 228 

 

1.4.1 Solid solution 

 

In contrast to Sn-containing group 14 alloys, the Si1-xGex alloy (diamond structure) does not 

offer the possibility to grow a direct bandgap semiconductor. However, with increasing Ge 

content the bandgap of Si1-xGex shrinks accompanied by an increase of the absorption 

coefficients over a wide spectral range.224 Although Ge is an indirect bandgap semiconductor, 

the relatively high absorption coefficients make Ge and Ge-rich Si1-xGex alloys of great interest 

for novel optoelectronic devices which show higher performances when compared to their 

Si-based counterparts.158, 229 

Besides the optical properties, according to Table 4, Ge has essential advantages 

concerning the electron but especially hole mobility when compared to Si which makes Ge the 

material of choice for certain electronic devices requiring a high-mobility hole channel.9 
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The main problem of growing high-quality Ge thin films on Si is the lattice mismatch of 4.2 % 

resulting in a strained Ge layer with high surface roughness. The strain can be released by 1D 

defects like misfit dislocations which impair the optical and electrical properties of Ge thin films 

due to acting as non-radiative recombination centres for charge carriers.10 Defect density can 

be decreased by using Si1-xGex as a buffer layer which reduces the lattice mismatch between 

Si and the targeted Ge layer.10, 13, 229, 230 In addition to growing high-quality Ge, Si1-xGex can 

also be used as buffer layer for the growth of III/V-semiconductors on Si by adapting the lattice 

parameter and making the desired material compatible with Si which is of great interest for 

novel optoelectronic devices.231, 232 

A controlled lattice mismatch between a buffer layer and the targeted Ge layer can even 

make strain engineering possible. Uni- and biaxial compressive/tensile strain in Ge lead to a 

degeneration of the valence band altering hole and electron mobility significantely.233  

 

1.4.2 Metastable alloys 
 

Group 14 materials with bandgap energies in the mid-IR range would be easy to integrate 

on a Si platform but are inefficient due to their indirect bandgap behaviour. 

III/V-semiconductors are established as very promising materials for efficient light absorption 

and emission in this wavelength-range; however, the complexity of integration on Si remains 

challenging.234, 235 Therefore, other approaches covering the transition of group 14-based 

alloys from indirect to direct bandgap materials are of great interest. Ge can be converted to a 

direct bandgap semiconductor at 1.9 % in-plane tensile strain.236 However, such high strain 

levels cannot be achieved easily. Therefore, other approaches must be considered to reach 

the transition of Ge into a direct bandgap semiconductor. 

A very important point concerning the optical properties of the Ge1-xSnx alloy is the fact that 

one pure component of this alloy namely α-Sn is a topological zero-bandgap semiconductor 

(= topological semimetal) with a direct bandgap of -0.41 eV and an indirect bandgap of 

0.14 eV. According to theoretical and experimental studies, there exists a crossover of the 

indirect and direct bandgap energy of Ge1-xSnx making the transition of Ge into a direct 

bandgap semiconductor possible. This crossover is determined to occur by alloying Ge with 

approximately 8.5 at. % - 10 at. % Sn.27, 205, 237 The composition dependency of the physical 

properties must be known in detail to enable an adaptation of the growth process targeting a 

material with defined properties. Bandgap energies of different transitions are plotted against 

the Sn content in Figure 8a.205 The transition into a direct bandgap semiconductor by alloying 

Ge with Sn and the impact on the band structure is illustrated in Figure 8b - d. The 

experimental evidence of the transition can be brought by temperature-dependent 

photoluminescence (PL) measurements. Ge with indirect bandgap behaviour shows a 

decrease of the Γ-valley signal for decreasing temperature, while Ge with direct bandgap 

behaviour shows an increase of the Γ-valley emission, which is clearly shown for Ge1-xSnx thin 

films grown on a Ge buffer layer on Si in Figure 8e.27 Furthermore, a blue-shift of the PL signal 

is expected when temperature is decreased, which also leads to sharper PL peaks, and laser 

power is increased.238 Besides the transition of an indirect to a direct semiconductor, the 

Ge1-xSnx alloy is converted into a topological semimetal at x > 0.41. Also for the ternary 

SixGe1-x-ySny alloy the possibility of an indirect-to-direct bandgap semiconductor transition is 

predicted theoretically and can be found in the composition range of  0 < x ≤ 0.20.239 
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Figure 8: (a) The calculated energy differences of certain energy bandgaps for Ge1-xSnx 
semiconductor (solid lines) and semimetal (dashed lines). The transition into a direct bandgap 
semiconductor for strain-relaxed Ge1-xSnx at 0 K is expected at approximately 8.5 at. %.205 The 
electronic band structure of Ge1-xSnx (b) before, (c) directly at, and (d) after the indirect-to-direct 
bandgap semiconductor transition is highlighted.240 (e) Temperature-dependent PL 
measurements of Ge1-xSnx alloys with Sn compositions around the indirect-to-direct bandgap 
semiconductor transition point are shown.27 Reproduced with permissions from American 
Physical Society, AIP Publishing, and Springer Nature.27, 205, 240 

 

The electrical properties of Ge1-xSnx strongly depend on the Sn content. Figure 9 shows the 

Γ-electron mobility for different Sn contents and the strong influence of compressive strain, 

which must be considered for the epitaxial growth of Ge1-xSnx thin films on a Ge 

substrate/buffer.241, 242 The electron mobility as well as the Γ-valley population increase by 

increasing the Sn content which is highlighted in Figure 9a. Electron mobility of Ge1-xSnx is 

dominated by L-electrons for Sn contents below the indirect-to-direct bandgap semiconductor 
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transition due to the low population of Γ-electrons. Even after exceeding the Sn content making 

Ge1-xSnx to a direct bandgap semiconductor, which leads to an increase of the population of 

Γ-electrons, the electron mobility is still dominated by L-electrons caused by the strong 

inter-valley Γ-L-scattering limiting Γ-electron mobility. By increasing the difference between 

Γ- and L-valley, Γ-electron mobility (Figure 9b) as well as the effective electron mobility 

(Figure 9c) increase dramatically.241 

 

 

Figure 9: (a) The Γ-valley population (top) and the electron mobility (bottom) of Ge1-xSnx alloys 
with different Sn content are calculated for 300 K and 1014 cm-3 electron density. (b) Γ-electron 
and (c) effective electron mobility of Ge1-xSnx for different Sn contents considering biaxial strain 
are presented. Reproduced with permission from Elsevier.241  

 

1.4.2.1 Direct bandgap Ge1-xSnx thin film growth 
 

The direct growth of Ge1-xSnx thin films on Si showing direct bandgap behaviour appeared 

to be very challenging due to the large lattice mismatch of Ge and Si (> 4 %). Some main 

problems include non-planar surfaces after growth and very high threading dislocation 

densities.243 However, fully-relaxed, epitaxial Ge1-xSnx thin films directly grown on Si by MBE,244 

CVD,67, 245-248 and sputter deposition249 are described in literature. Most probably, no PL 

measurements of directly grown Ge1-xSnx thin films on Si can be found in literature due to the 

high dislocation density observed by this approach. 

The high 1D defect density can be avoided/reduced by growing a relaxed Ge buffer layer 

on Si. The critical layer thickness, which is larger due to the smaller lattice mismatch between 

Ge1-xSnx and Ge when compared to Si, should be exceeded to obtain relaxed Ge1-xSnx thin 

films showing direct bandgap behaviour and good optoelectronic properties.27 Ge1-xSnx thin 

films grown pseudomorphically, which means growing a material on a substrate that dictates 

the crystal structure and the lattice parameter of this material, on Ge do not show a transition 

into a direct bandgap semiconductor.219 High-quality direct bandgap Ge1-xSnx thin films grown 

on a relaxed Ge buffer layer using MBE250 and CVD27, 36, 251-255 are reported by several groups. 

Such high-quality films showing direct bandgap behaviour can be obtained on a relaxed Ge 

buffer layer by growing thick Ge1-xSnx films where the defects are accumulated in a certain 

zone next to the Ge buffer layer (Figure 10).256 In the recent past, high-quality direct bandgap 

Ge1-xSnx thin films with high Sn contents are grown pseudomorphically or partially relaxed on 

step-graded Ge1-xSnx buffer layers. The 1D defect density can be reduced dramatically by this 

approach leading to Ge1-xSnx thin films with excellent optoelectronic properties which paves 

the way for laser applications based on this material.257, 258 
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Figure 10: (a - c) TEM images show Ge1-xSnx thin film growth on a strain-relaxed Ge buffer 
layer deposited on a Si substrate. The Ge1-xSnx thin films consist of a small defective layer next 
to the Ge buffer layer and on top a defect-poor Ge1-xSnx layer. Ge1-xSnx layer thicknesses are 
(a) 640 nm, (b) 810 nm, and (c) 1130 nm and grown under either (a + c) N2 or (b) H2 ambient. 
Reproduced with permission from Elsevier.256 

 

Besides these approaches, direct bandgap Ge1-xSnx thin films with high Sn content can be 

epitaxially grown on III/V-semiconductors. High crystal quality and low defect densities can be 

reached by this method due to the possibility of lattice parameter engineering when varying 

the composition of an InGaAs substrate.259-261 Furthermore, Sn incorporation up to 27 at. % 

has been observed for the epitaxial growth of Ge1-xSnx thin films on an InP substrate.262, 263 

However, this approach again raises the issue of integrating these substrates on a Si 

platform.234, 235 

 

1.4.2.2 Anisotropic Ge1-xSnx alloys 
 

Anisotropic Ge1-xSnx nanostructures can be synthesised via bottom-up or top-down 

approaches. In a top-down approach high-quality Ge/Ge0.92Sn0.08 multilayer stacks are grown 

on a Ge-on-insulator (GOI) substrate. Subsequently, a fin structure is patterned via electron 

beam lithography (EBL) and reactive ion etching (RIE) with Cl2 removes the material not 

covered with photoresist. Finally, selective etching of Ge via RIE using CF4 as process gas 

results in vertically stacked Ge0.92Sn0.08 NWs.264 Selective etching of Ge was first suggested 

for the production of strain-relaxed Ge1-xSnx microdiscs.265 

However, there is a very limited number of reports on bottom-up grown anisotropic Ge1-xSnx 

alloys with high Sn contents (> 8.5 at. %).77, 266-271 A liquid-phase approach is the first report in 

literature targeting the bottom-up growth of anisotropic Ge with high Sn incorporation and will 

be presented as part of this thesis in Chapter 3.2.77, 266, 267 

The first vapour-phase approach is based on Au and Au-Ag alloys as promoter for 

VLS-growth of direct bandgap Ge1-xSnx NWs with Sn contents up to 9.2 at. % by the 

simultaneous supply of a Ge and a Sn precursor.272 Further investigations on this system 

suggest a high impact of growth kinetics on the maximum Sn incorporation which is 

demonstrated by the variation of Au-Ag composition and Sn precursor.268 

Another approach for high Sn incorporation up to 13 at. % in anisotropic Ge1-xSnx is based 

on the epitaxial growth of Ge1-xSnx on the sidewalls of Ge NWs resulting in core-shell 

structures. Direct bandgap room temperature emission at 0.465 eV and a strong enhancement 

of light absorption is observed for these structures.269 In a further study the connection between 
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residual misfit strain and Sn incorporation in Ge/Ge1-xSnx core-shell NWs is investigated in 

detail and illustrated in Figure 11.270 

 

 

Figure 11: Cross-sectional EDX mapping of a Ge/Ge1-xSnx core-shell NW is shown in (a). (b) 
A Sn content of 10.5 at. % is obtained by quantifying the EDX spectrum of the region within 
the yellow rectangle. (c) An EDX line-scan from the core towards the shell surface which is 
indicated in (b) is collected showing an increase of Sn concentration towards the shell surface. 
(d) shows colour maps of the radial, tangential and axial component of the strain field. 
Experimental results are brought in line with results computed by the finite element method by 
assuming a composition gradient from 8 at. % to 10.5 at. % Sn (core to shell) and stripes 
(hexagon vertices) containing 5 at. % Sn. Reproduced with permission from Royal Society of 
Chemistry.270 

 

Very recently, the in-plane growth of Ge1-xSnx NWs on a Si substrate at low temperatures 

is described and Sn contents up to 22 at. % are reported. In this process, SnO2 particles are 

placed on a Si substrate (Figure 12a). Subsequently, the particles are partially reduced using 

a H2 plasma (Figure 12a) and a hydrogenated amorphous Ge layer is deposited (Figure 12b). 

Finally, the temperature is raised above the eutectic temperature of the Ge-Sn system (231 °C) 

to initiate in-plane NW growth (Figure 12c + d). Amorphous Ge is dissolved by Sn and Ge1-xSnx 

is deposited at the Sn/SnO2 interface. The presence of SnO2 is described to be vital for in-plane 

growth of Ge1-xSnx NWs due to preventing the liquid Sn from splitting and wetting during the 

supersaturation process of the Sn growth promoter.271 

However, a closer look on STEM-EDX measurements presented in this study points out the 

presence of a thin SiO2 layer on top of the Si substrate. This could be an explanation for the 

high Sn content of the Ge1-xSnx alloy observed by this approach due to the absence of strain 

effects induced by the Si substrate which would counteract the incorporation. 
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Figure 12: (a + b) show a schematic illustration of (a) the partial reduction of SnO2 using a H2 
plasma and (b) the deposition of a hydrogenated amorphous Ge layer. (c) A top-view 
schematic illustration points out the dissolution of the hydrogenated amorphous Ge layer by 
liquid Sn and the redeposition of crystalline material as the driving force for the observed 
in-plane Ge1-xSnx NW growth. (d) A top-view scanning electron microscopy (SEM) image 
highlights the observed in-plane structures with description of the present components. 
Reproduced with permission from American Chemical Society.271 

 

1.4.2.3 Ge1-xSnx nanocrystals 
 

For the synthesis of Ge1-xSnx nanocrystals it must be distinguished between vapour- and 

solution-based processes. The first attempts of producing Ge1-xSnx nanocrystals were realised 

by a non-equilibrium epitaxial growth process where Ge and Sn are co-deposited on an 

ultrathin SiO2 film with pre-deposition of Ge forming small voids in the SiO2 film. Ge1-xSnx 

nanocrystals obtained by this approach contain up to 8 at. % Sn.273-279 Further gas-phase 

approaches include laser photolysis reaction of a Ge and Sn precursor280 as well as 

MBE-based281-285 and sputtering286 techniques. The thermal annealing of a thin, compressively 

strained Ge0.825Sn0.175 layer epitaxially grown on a Ge(100) substrate which is capped with Ge 

can result in the formation of Ge0.5Sn0.5 nanocrystals.281 A similar strategy demonstrates the 

formation of a Ge0.96Sn0.04 nanocrystal-based film embedded in Si.282 The epitaxial growth of 

Ge0.986Sn0.014 nanocrystals on Si nanopillar arrays has been investigated.285 Furthermore, 

Sputtering Ge on self-assembled Sn nanodots on a SiO2/Si substrate enables the growth of 

Ge1-xSnx nanocrystalline thin films with Sn contents up to 27.3 at. % at very low temperatures 

of 150 °C.286 

Recently, studies concerning the solution-based synthesis of Ge1-xSnx nanocrystals with 

high control over a wide composition and crystal size range can be found in literature. In a 

typical synthesis Ge and Sn halides/amides are mixed with a high-boiling primary amine which 

can act as ligand and solvent at the same time. In addition, reducing and surface-active agents 

can be added to the mixture for the particle formation. The Ge1-xSnx nanocrystals are typically 

synthesised at temperatures of approximately 300 °C.287-293 

The successful incorporation of Sn in the Ge matrix is confirmed by XRD and Raman 

spectroscopy. In addition, the influence of Sn content and crystal size on the bandgap energy 
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has been investigated for solution-grown Ge1-xSnx nanocrystals. These studies describe 

quantum confinement effects in very small Ge1-xSnx nanocrystals (3.4 nm - 4.6 nm) leading to 

a blue-shift of the bandgap energies when compared to bulk Ge1-xSnx alloys.287 Nearly 

simultaneously, similar results have been described by an independent study, which includes 

thermal stability measurements.288 

Further studies point out the possibility of shifting the light emission range towards the 

visible spectrum by varying the nanocrystal size (1 nm - 3 nm) for Ge1-xSnx with Sn contents 

enabling direct bandgap behaviour.289, 290 Ge1-xSnx/CdS core-shell nanocrystals show a strong 

enhancement of light emission when compared to Ge1-xSnx nanocrystals without CdS shell. 

The authors explain this effect by the epitaxial relation between Ge1-xSnx and CdS and the 

reduction of surface oxidation.291 

However, the reported blue-shift of the absorbed288, 289/emitted289-291, 293 light observed in 

these studies exceeds the energy-shift of light emission obtained for quantum-confined Ge 

nanocrystals for same diameters dramatically294 although high amounts of Sn are incorporated 

which should result in smaller bandgap energies. Therefore, optical properties reported for 

Ge1-xSnx nanocrystals should be questioned critically and further investigations are needed to 

clarify the strong blue-shift. 

 

1.4.2.4 Devices based on Ge1-xSnx alloys 
 

The outstanding electrical and optical properties of Ge1-xSnx in combination with being 

compatible with CMOS-based processes make this material to an interesting candidate for 

novel devices. The strong increase of the effective electron mobility by alloying Ge with high 

amounts of Sn allows the formation of high-performance n-type MOSFETs.295-297 A 

Ge0.955Sn0.045 n-type MOSFET with a very high electron mobility of 440 cm2∙V-1∙s-1 has been 

demonstrated.297 In addition, p-type MOSFETs are of great interest due to the increased hole 

mobility of Ge1-xSnx alloys when compared to pure Ge.28, 298, 299 A 66 % higher hole mobility 

and 64 % lower source/drain resistance for a Ge0.947Sn0.053 p-type MOSFET when compared 

to a Ge control device have been described.28 Besides these devices, Ge1-xSnx with high Sn 

contents can yield high-performance tunnelling FETs (TFETs) due to the efficient direct 

BTBT.242, 300 

The broad wavelength-coverage of Ge1-xSnx and the possibility to convert the material into 

a direct bandgap semiconductor make this alloy to a potential candidate for efficient 

optoelectronic devices working in the mid-IR. In recent years, several groups developed 

photodiodes36, 253, 301-311 and photodetectors312-320 based on Ge1-xSnx. Interestingly, a 

Ge0.89Sn0.11 photodiode revealing device performances competitive with extended-InGaAs 

photodiodes dominating the market was presented recently.36 

Besides photodiodes working in the mid-IR range, lasers in this wavelength-regime acting 

as light source for applications in the field of tele- and data-communication are of great interest 

nowadays and successfully implemented by several groups using Ge1-xSnx as active material. 

The existence of a direct bandgap group 14 laser on Si which exhibit modal gain has been 

demonstrated in 2015 setting a benchmark for future studies on Ge1-xSnx.27 For mid-IR laser 

applications it must be considered that the quality of the Ge1-xSnx thin film should be very high 

in terms of defect density. Furthermore, the layer should be at least partially relaxed with a 

high amount of homogeneously distributed Sn in the Ge matrix to obtain the required direct 

bandgap semiconductor. Since this first report on lasing in purely group 14 containing devices, 

several reports have been published verifying these findings and extending the emission 

range.252, 254, 257, 321-325 
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2 Motivation 
 

For a long time, Ge has not been integrated in the CMOS industry due to the lack of thermal 

stability of the native oxide.1, 2 The possibility of growing high-κ dielectrics on Ge has solved 

this problem and brought back the interest in Ge due to both high electron and hole mobility.3-

8 Techniques to implement Ge on a Si-based system with high quality are well-advanced.11-20  

The next step is to promote the controlled alteration of the physical properties of Ge by 

doping and alloying with other elements. The controlled incorporation of impurity atoms in Ge 

is critical and often limited by thermodynamics which makes the synthesis of Ge-based 

materials possessing high dopant activation or impurity concentrations beyond the solid 

solubility quite complicated. During the last decades, progress in overcoming these problems 

have been achieved.29-31, 33-35, 197, 206, 218, 267 However, the synthesis of anisotropic Ge with 

altered physical properties by the incorporation of impurity atoms is not investigated in detail. 

This thesis is aiming to provide a solution for the realisation of an efficient impurity 

incorporation in the Ge host lattice by kinetically controlled processes for the growth of 

anisotropic, metastable Ge-based materials via self-seeding. The goal is to incorporate Ga 

beyond the solubility limit in an anisotropic Ge crystal by developing a kinetically controlled 

vapour-based process and to determine changes in the physical properties of the resulting 

material. 

A similar approach based on self-seeding is targeted for the Ge-Sn system to realise the 

transition of Ge from an indirect to a direct bandgap semiconductor with the possibility to adjust 

the direct bandgap energy by a controlled incorporation of Sn in the Ge host lattice. Therefore, 

the aimed process must be performed at low temperatures and high growth rates are targeted 

to enable an efficient incorporation of atoms from the Sn seed in the growing anisotropic 

material. First attempts shall be performed via a solution-based process to gather information 

concerning the nucleation and growth of anisotropic Ge1-xSnx nanostructures. Subsequently, 

the gained knowledge should enable the growth of anisotropic, metastable Ge1-xSnx 

nanostructures in a vapour-phase process. 

This thesis targets the further development of Ge-based materials by providing synthesis 

strategies for highly metastable Ge-based materials with significantly altered physical 

properties. 
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3 Results 
 

3.1 Paper 1 

Direct Synthesis of Hyperdoped Germanium Nanowires 

 

Doping Ge with group 13 and 15 elements is a well-established approach to alter the 

physical properties of this material. The incorporation of impurity atoms in a host lattice is often 

limited by the low solubility of the desired element. Doping above the solubility limit determined 

by thermodynamics is called hyperdoping and requires a kinetically driven process. The 

metastable product resulting from such a process distinguishes from the undoped Ge by 

drastic changes in the physical properties. 

In this study metal-assisted bottom-up grown Ge NWs with high p-doping levels using Ga 

as the seed material are synthesised. The low eutectic temperature of the Ga-Ge system and 

the decomposition temperature of the used Ge precursor at the chosen synthesis parameters 

enable the VLS-growth at temperatures down to 210 °C. 

Ge NWs are grown on a silicone substrate in a steel cell. Therefore, the silicone substrate 

is infiltrated by (pentamethylcyclopentadienyl)gallium(I) and t-butylgermane is added as Ge 

precursor before heating up to 210 °C. Electron microscopy is used for the structural and 

compositional characterisation of the obtained Ge NWs. Figure 13 illustrates the high density 

of NWs on the silicone substrate and the excellent quality of the elongated Ge crystal. The 

NWs reveal an average diameter of ~ 100 nm and lengths of several micrometres. In addition, 

the STEM-EDX mapping in the inset of Figure 13a confirms the Ga-mediated VLS-growth of 

these NWs showing the Ga reservoir terminating the Ge NW. 

 

 

Figure 13: The high density of Ge NWs on the silicone substrate is shown in the SEM image 
in (a) including STEM-EDX mapping of the tip region of a NW (inset). High crystallinity of the 
Ge body is confirmed by HRTEM in (b). The TEM image and the FFT pattern shown as insets 

of (b) are indicative for the predominant 111 growth direction of those NWs. 
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The composition of the NW body was determined by STEM-EDX giving a Ga content of 

3.51 at. % ± 0.29 at. % (1σ), which is far above the solubility limit of ~ 0.07 at. % Ga at 210 °C 

according to the Ga-Ge phase diagram in Figure 14.87 

 

 

Figure 14: Ga-Ge phase diagram with low solubility of ~ 0.07 at. % Ga in the Ge crystal at a 
growth temperature of 210 °C. Reproduced with permission from Springer Nature.87 

 

STEM-EDX mapping (Figure 15a) and STEM-EDX point measurements (Figure 15b + c) 

show the homogenous distribution of Ga within the NW. STEM-EDX point measurements 

along the radial direction of the NW shown in Figure 15b allow the exclusion of Ge deposition 

on the sidewalls of Ga-hyperdoped Ge NWs due to the replication of the Ge signal in the Ga 

channel. 

A step-flow process leading to successive addition of bilayers is the common growth mode 

of bottom-up grown Si and Ge NWs.31, 202, 326-329 The growth rate of the crystal is thereby defined 

as the thickness of a bilayer divided by the time required for the nucleation and the complete 

growth of one bilayer.31, 202 The high amounts of Ga incorporated in the Ge matrix far above 

the solubility limit of this system can be explained by solute trapping at step edges during the 

NW growth.30, 31 The efficiency of the incorporation process is benefited by the similar atomic 

radii of Ge and Ga. Solute trapping, leading to an incorporation of the impurity atoms far 

beyond the solubility limit of a system, can be observed for Al-seeded Si NWs.29-31 However, 

the growth rate of the NWs obtained in this study is quite low which counteracts a high Ga 

incorporation. According to literature, a viable explanation for the efficient solute trapping is the 

fact that the time required for the addition of one bilayer is the sum of the incubation time and 

the time between the nucleation and the complete growth of the bilayer. In the system 

described in this study the incubation time is expected to be very long leading to a slow growth 

rate while the addition of a bilayer once a nucleus is formed could be very fast enabling efficient 

solute trapping.31 
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Figure 15: (a) STEM-EDX mapping of the Ge NW body indicating a homogeneous distribution 
of Ga in the Ge matrix. (b) The radial profile of the Ge NW illustrates the absence of a core-shell 
structure and no signs of Ga surface segregation can be observed. (c) STEM-EDX point 
measurements along the NW axis and in radial direction suggest a random incorporation of 
Ga which can be expected for a solute trapping process. The red area of ± 0.5 at. % Ga shows 
that the determined Ga concentrations vary within the tolerance of the used method. 

 

The thermal stability of the metastable highly doped Ge NWs is crucial if implementation in 

an electronic device is targeted. Therefore, the NWs are thermally annealed in a tube furnace 

at different temperatures under reducing atmosphere. Ga diffusion in Ge is well-described in 

literature and compared to other p-dopants quite slow.100, 330, 331 The slow diffusion rate of Ga 

in the Ge crystal leads to a high thermal stability of the metastable material. Therefore, no 

structural and compositional changes of the NWs can be observed for annealing at 250 °C for 

10 h although the metastable material is grown at 210 °C. STEM-EDX mapping reveals a 

homogenous distribution of Ga without segregation at the surface and an unaltered average 

Ga content. Figure 16 highlights a NW annealed at 400 °C for 6 h. The thermal annealing 

initiates segregation processes leading to enrichment of Ga at twin boundaries of the Ge NW 

body (Figure 16a) and Ga nanoparticles attached to the Ge surface (Figure 16b). The resulting 

Ga distribution in the Ge matrix is inhomogeneous as expected for partially decomposed 

metastable materials. 
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Figure 16: (a + b) show a Ge NW annealed at 400 °C for 6 h. In (a) segregation of Ga at the 
twin interface (purple frame) can be observed while in (b) a high number of Ga clusters are 
attached to the surface of the NW. STEM-EDX mappings of Ga confirm the assignment of the 
dark areas in the TEM images to segregated metallic Ga. 

 

The electronic properties of the synthesised Ge NWs with high Ga content are evaluated 

using single NW devices. For this reason, the NWs are contacted by Al pads. Figure 17 shows 

I-V measurements of Ga-doped Ge NWs with different diameters in two-point configuration. 

Ga-doped Ge NWs show a three orders of magnitude lower resistance (reciprocal slope of 

curves in Figure 17a) compared to intrinsic, Au-seeded Ge NWs. The highly conductive 

Ga-doped Ge NWs do not reveal any noticeable field-effect response in the back-gated NW 

FET geometry. Besides the high conductivity, these structures can sustain current densities of 

more than 12 MA∙cm-2 before device failure which is approximately 25 times higher than 

observed for Au-seeded Ge NWs with similar diameters (recalculated value from a study).332 

Four-probe measurements on Ga-doped Ge NWs lead to the conclusion that the conductivity 

variation observed for different NWs in Figure 17a are diameter-independent and can be 

attributed to differences of the contact resistance (Figure 17b). In this study resistivity values 

of ~ 300 µΩ∙cm for Ga-doped Ge NWs are measured. Based on these results, an electrically 

active impurity concentration of ~ 5∙1020 cm-3 can be expected. These values can be obtained 

by comparison of the measured resistivity to tables in literature where impurity concentrations 

of group 13 atoms are associated to the electronic properties.333 This leads to the conclusion 

that one third of the incorporated 3.5 at. % Ga (1.5∙1021 cm-3) occupies an electrically active 

site of the Ge lattice. 
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Figure 17: (a) The electronic properties of single NW devices in two-point geometry, using 
Ga-doped Ge NWs with different diameters, are determined. For comparison, the I-V curve of 
a single NW device using an intrinsic, Au-seeded Ge NW as building block is added. The inset 
on the top shows a SEM image of a fabricated device. The resistances (reciprocal slope of 
curves) of a Ga-doped Ge NW and a Au-seeded NW are illustrated in the inset on the bottom 
to highlight the strong deviation of the electronic properties of both materials. (b) points out the 
high influence of the contact resistance on the overall resistance of the device evaluated by 
determining the electronic properties of a single NW device in four-point geometry. 

 

Decreasing the temperature of a semiconductor leads to lower charge carrier densities 

resulting in an increase of the resistance. Ga-hyperdoped Ge NWs behave totally different 

from a semiconductor. The resistance decreases at lower temperatures followed by a plateau 

at temperatures near 0 K which can be attributed to a metal-like behaviour and is illustrated in 

Figure 18. The Mott-transition, a possible scenario for doped semiconductors, leading to an 

increase of the resistance at lower temperatures due to freezing out of electrons, could not be 
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observed.185 These measurements confirm the high doping level of the here presented NWs. 

The temperature-dependence of the resistivity of Ga-hyperdoped and Au-seeded Ge NWs is 

compared in the inset on the top of Figure 18. The Au-seeded Ge NW shows the well-known 

resistivity behaviour of a semiconductor while the resistivity of the Ga-hyperdoped Ge NW is 

only slightly dependent on a temperature variation. At room temperature the resistivity of the 

Au-seeded Ge NW shows a three to four orders of magnitude higher resistivity compared to 

the Ga-hyperdoped Ge NW. At temperatures near 0 K the resistivity differs even stronger (10 

orders of magnitude). The inset on the bottom of Figure 18 shows a jump of the resistance at 

1.6 K upon further cooling below 4 K. The resistance drop at 1.6 K could be associated to the 

metal-superconductor transition of the Al electrodes. The shift of the critical temperature from 

1.1 K to 1.6 K can be attributed to enrichment of Al with oxygen impurities which is well-known 

from literature for sputtered Al under similar conditions used in this study.334 The resistance 

drop can be easily suppressed by applying a weak overcritical magnetic field of less than 

250 mT. A metal-superconductor transition of the Ga-hyperdoped Ge NWs cannot be 

observed in the measured temperature range 300 K - 0.269 K. 

 

 

Figure 18: The temperature-dependence of the resistance in the temperature range 
300 K - 0.269 K is measured in a four-point configuration and allows the attribution of 
metal-like behaviour to the here presented Ga-hyperdoped Ge NWs. The inset on the top 
shows the resistance evolution in a four-probe configuration. The temperature range 
4 K - 0.269 K is measured in a two-probe configuration displayed in the inset on the bottom 
showing a drop in the resistance due to the metal-superconductor transition of the Al contacts. 
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3.2 Paper 2 + 3 

Pushing the Composition Limit of Anisotropic Ge1-xSnx Nanostructures and Determination of 

Their Thermal Stability 

and 

Electrical Characterization and Examination of Temperature-Induced Degradation of 

Metastable Ge0.81Sn0.19 Nanowires 

 

Ge becomes a direct bandgap material by alloying with 8.5 at. % - 10 at. % Sn27, 205, 237 

which is far above the solubility limit of Sn in the Ge matrix.228 The metastable nature of these 

alloys makes it necessary to work in a kinetically controlled growth regime which is not trivial 

and requires high growth rates at low temperatures. 

Ge1-xSnx NRs with Sn contents up to 28 at. %, which is the most Sn-containing anisotropic 

Ge1-xSnx alloy reported to date, are synthesised in a solution-based microwave-assisted 

bottom-up growth process using Sn as metal seed. In this approach Sn is used as growth 

promoter to ensure the incorporation of Sn in the Ge matrix is not limited by the supply of Sn. 

In contrast to surface-bound nanostructures and thin films, no growth template is used that can 

facilitate the Sn incorporation but also causes strain due to lattice mismatch between the 

growing Ge1-xSnx and the crystalline substrate. Microwave-assisted heating and stirring of the 

mixture enable a homogenous temperature profile inside the reaction volume leading to 

homogeneous nucleation of the nanostructures. The precursor mixture containing homo- and 

heterometallic imidocubane species is decomposed at very low temperatures of about 140 °C. 

Despite the low temperatures used to decompose the precursor mixture, the reactivity of the 

precursor species is high enough to obtain high growth rates of approximately 600 nm∙min-1. 

The time-dependent evolution of phases and morphologies has been investigated for 

processes at a decomposition temperature of 140 °C for which the precursor pre-treatment 

was optimised (Figure 19). All characterisations are performed on structures that underwent a 

cooling-down process which could alter the crystallographic, morphological and compositional 

properties of the product. Nevertheless, in situ observations cannot be performed with the used 

equipment which makes a detailed discussion of the results vital. Initially, globular β-Sn 

particles are formed by the decomposition of the Sn-rich homometallic imidocubane species 

present in the precursor mixture (Figure 19a). Subsequently, Ge is delivered by the 

decomposition of Sn-rich heterometallic imidocubane species. This process causes a slow 

enrichment of the β-Sn particles with Ge which triggers a transformation of the β-Sn phase 

partly/completely into teardrop-shaped α-Sn/β-Sn heterodimers/α-Sn particles (Figure 19b). 

XRD measurements support the presence of the α-Sn phase at the stage where 

teardrop-shaped structures represent the dominating morphology of the isolated product 

(Figure 19e). Overlay images of STEM-EDX elemental mappings of teardrop-shaped and 

globular structures shown in the insets of Figure 19a + b differ significantly in the overall Ge 

content. Prolonged decomposition times lead to the decomposition onset of Ge-rich 

hetero- and homometallic imidocubanes. Supply of high amounts of Ge atoms to the system 

supersaturates the β-Sn part of the heterodimer and the subsequent template-assisted growth 

of Ge1-xSnx on the α-Sn part is initiated (Figure 19c). The template-assisted growth can also 

explain the high amount of Sn incorporated in these structures due to the same crystal 

structure of α-Sn and α-Ge and the larger lattice parameter of α-Sn. Further Ge supply leads 

to the elongation of the Ge1-xSnx segment (Figure 19d). The completely transformed α-Sn 
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particles could be inactive in terms of Ge1-xSnx nanostructure growth due to the absence of the 

β-Sn acting as reservoir at temperatures below the melting point of Sn which enables the 

supply of the decomposed Ge directly to the α-Sn/β-Sn interface. This is supported by the fact 

that even after the elongation regime some teardrop-shaped structures are present in the 

mixture. 

 

 

Figure 19: SEM images of the obtained structures after (a) 0 min, (b) 1 min, (c) 1.5 min, and 
(d) 2 min of decomposition are acquired and the associated XRDs are shown in (e). Overlay 
images of STEM-EDX elemental mappings of Sn and Ge of (a) globular and (b) 
teardrop-shaped structures are shown as insets of (a + b). The overall Ge content of the 
globular β-Sn particle formed at 140 °C is 0.4 at. %. In contrast, the teardrop-shaped α-Sn 
particle has a Sn content of 0.75 at. % (excluding the small Ge nucleus). 
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After conducting the elongation of the heterodimers, the structures are isolated and 

characterised by electron microscopy. The high crystallinity of the product is illustrated in 

Figure 20, while the FFT pattern in the inset suggests the predominant growth in the 111 

direction. 

 

 

Figure 20: The HRTEM image of a selected area of the NR shown in the TEM image illustrates 
the high crystal quality of the synthesised Ge1-xSnx nanostructures. The FFT pattern in the inset 

reveals a predominant growth of the anisotropic Ge1-xSnx alloys in the 111 direction. 

 

The presence of α-Sn particles acting as a template for the Ge1-xSnx growth is confirmed by 

combining STEM-EDX mapping and XRD measurements of the NRs (Figure 21). The 

determination of the shift of the Ge reflection in the XRD caused by the incorporation of Sn in 

the Ge lattice which increases the lattice parameter of Ge allows the calculation of the Sn 

content of the Ge1-xSnx alloy by using β-Sn reflections as standard and Vegard’s law for 

quantification. This method is giving a Sn content of 27.5 at. %. The STEM-EDX mapping of a 

Ge1-xSnx alloy segment in Figure 21b shows a homogenous distribution of 

27.9 at. % ± 0.9 at. % Sn in the Ge matrix. Both methods of quantification result in similar Sn 

contents suggesting a strain-relaxed Ge1-xSnx alloy. A small area of 150 nm between the α-Sn 

template and the Ge1-xSnx alloy segment with constant Sn content shows a gradient in Sn 

content due to the step-wise reduction of the influence of the α-Sn template on the growing 

Ge1-xSnx alloy. 
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Figure 21: (a) Sn is distributed homogenously within the Ge matrix which is confirmed by 
STEM-EDX mappings. In addition, a small α-Sn nucleus is visible at the nucleation site of the 
NR. (b) EDX point measurements highlight the local Sn content along the NR axis and show a 
long segment of constant Sn content between the two extremes.  

 

Furthermore, NRs with smaller elongated structures located at the nucleation site and 

terminated by a Sn particle can be found when increasing the decomposition temperature 

slightly and are shown in Figure 22. These structures do not have an α-Sn region as shown in 

the STEM-EDX mapping in Figure 22b. This implies that higher decomposition temperatures 

lead to the decomposition of the α-Sn phase resulting in a Ge1-xSnx alloy and a Sn particle. 

The segregated Sn particle can act as an active site for NW growth during the subsequent 

elongation regime. 
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Figure 22: (a) The TEM image of Ge1-xSnx NRs synthesised at slightly higher temperatures 
than 140 °C shows additional NW growth at the nucleation site of the NRs. The absence of the 
α-Sn area observed at lower temperatures is featured with STEM-EDX mapping in (b). 

 

The Ge-Sn phase diagram illustrated in Figure 7b clearly shows the absence of a 

thermodynamically stable α-Sn phase at 140 °C.228 If the α-Sn phase would be formed in the 

cooling-down step, Ge1-xSnx NRs with high Sn contents due to the epitaxial growth on an α-Sn 

template could not be observed. Therefore, the α-Sn phase must be formed at 140 °C. 

According to the phase diagram α-Sn is stable below 14 °C. Consequently, there are only three 

reasonable options for the reported observations. The first explanation could be based on an 

epitaxial growth of α-Sn on a small Ge nucleus. It is well-known in literature that α-Sn can be 

epitaxially grown on III/V-crystals in zinc blende crystal structure including InSb and CdTe.335-

337 Therefore, Ge with diamond cubic crystal structure could act as template if the stress 

induced by the lattice mismatch of α-Ge and α-Sn can be relieved. In this case the high surface 

area of nanoparticles could realise the relief of the stress. According to literature, Ge can act 

as a secondary nucleus for the growth of α-Sn.338 Another option is the stabilisation of the 

metastable α-Sn phase by alloying with Ge. Hints for this process can also be found in literature 

and reveal an increased stability of α-Sn for a Ge content of 1.22 at. % (0.75 wt. %) up to 

approximately 60 °C.339 Similar effects on the stability of α-Sn are found for alloying α-Sn with 

Si.340 Another aspect which is suggested in Figure 23, is the presence of a peritectoid being 

present in the Ge-Sn phase diagram making α-Sn to a thermodynamically stable phase at 

temperatures as high as 180 °C. A possible explanation why the peritectoid could not be 

identified in experimental studies before can be found in the way such phase diagrams are 

determined. A mixture of both elements is completely melted, cooled down, and held at a 

certain temperature. After crossing the eutectic line of the phase diagram, β-Sn and α-Ge 

phase are in equilibrium. At a temperature below the eutectic temperature, where α-Sn could 

be formed, the temperature is too low to overcome the activation barrier (lattice energy of β-Sn 

and α-Ge) for the following reaction: 

 

β-Sn + α-Ge ↔ α-Sn. 
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The lattice energy of α-Ge is very high due to the covalent character of the Ge bond. In this 

study the Ge atoms are supplied to the β-Sn phase in their atomic form. Therefore, the 

activation barrier can be decreased by this approach at low temperatures. It should be 

considered that a peritectoid could be part of the Ge-Sn phase diagram leading to an 

alternative phase diagram as shown in Figure 23. 

 

 

Figure 23: Alternative schematic phase diagram of Ge-Sn based on the determination of the 
present phases and the corresponding compositions found in samples produced at different 
temperatures. 

 

The possibility of a peritectoid in the Ge-Sn system can be supported by thermodynamic 

data found in literature.341 In the schematic representation of the Gibbs energy curves of the 

Ge-Sn system at 140 °C shown in Figure 24 some considerations lead to an interesting result. 

First, the Gibbs energy of pure Ge with diamond cubic crystal structure is higher than the Gibbs 

energy of pure Sn with diamond cubic crystal structure in the observed temperature range. A 

miscibility gap between α-Ge and α-Sn due to the large difference of the atomic radii is 

expected leading to the red curve in Figure 24. Furthermore, the Gibbs energy of β-Sn is only 

slightly lower than the Gibbs energy of α-Sn at 140 °C. Although the exact energy curves of 

both phases are unknown, the slight difference of the Gibbs energies of α-Sn and β-Sn 

combined with the possibility of a greater difference of the Gibbs energies of α-Ge and 

tetragonal Ge could enable a thermodynamically stable α-Sn phase at 140 °C. 
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Figure 24: The schematic representation of the Gibbs energy curves of the Ge-Sn system at 
140 °C reveals the possibility of a thermodynamically stable α-Sn phase supporting the 
presence of a peritectoid in this system. Thermodynamic data of the Ge-Sn system341 are used 
for the construction of the schematic representation of possible Gibbs energy curves of the 
Ge-Sn system. 

 

In a kinetically driven process, the growth temperature and the growth kinetics play a major 

role for the observed incorporation of Sn in the Ge lattice. In addition, the unusual presence of 

the α-Sn phase at 140 °C enables the incorporation of very high amounts of Sn due to a 

template effect. A phase map including kinetics and the alternative phase diagram shown in 

Figure 23 is illustrated in Figure 25a. In this phase map, trends concerning the maximum Sn 

incorporation for a certain set of synthesis parameters are combined. It should be considered 

that the growth temperature cannot be altered without changing the growth kinetics at the same 

time. However, a general trend is known from literature and observed in our studies.342 Higher 

growth temperatures lead to lower Sn contents in Ge1-xSnx layers and nanostructures. On the 

other hand, comparing isothermal growth conditions with variations in precursor composition, 

such as an exchange of dodecylamine by n-octylamine, can alter the growth kinetics. For the 

same decomposition duration, the NRs obtained by using n-octylamine instead of 

dodecylamine grow much longer (see Figure 25b) suggesting a higher growth rate of these 

structures and consequently a higher Sn content of 32 at. % can be observed. 
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Figure 25: (a) A phase map including the alternative phase diagram shown in Figure 23 shows 
the impact on the observed alloy composition of Ge1-xSnx if a certain synthesis parameter is 
altered. (b) The STEM-EDX mapping of a Ge1-xSnx NR using n-octylamine as solvent and 
ligand reveals a higher Sn content of the Ge1-xSnx alloy when compared to the typical process 
using dodecylamine. The higher Sn incorporation can be attributed to a higher growth rate of 
these structures. 

 

Metastable Ge1-xSnx is a very interesting material for novel devices making the evaluation 

of the thermal stability of this alloy vital. The delay of segregation can be explained by the fact 

that the formation of β-Sn defects is a statistical process depending on temperature, time, and 

Sn content. Variable-temperature XRD measurements under H2 atmosphere are performed on 

Ge1-xSnx NRs with a Sn content of 28 at. %. High-temperature XRD measurements of 

as-grown Ge1-xSnx NRs are shown in Figure 26 and reveal decomposition of the material at 

160 °C. Highly interesting is the fact that after removal of the metallic Sn seeds by treatment 

with diluted hydrochloric acid (HCl), the thermal stability of Ge1-xSnx NRs is increased by nearly 

70 °C. Long-time stability is assumed at 120 °C due to an unaltered Ge1-xSnx (111) reflection 

after 6 h of annealing at that temperature. 
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Figure 26: Variable-temperature XRD measurements of Ge1-xSnx NRs containing the Sn 
seeds show a broadening of the Ge1-xSnx (111) reflection towards lower Sn concentrations 
starting at 160 °C. The broadening of the Ge1-xSnx (111) reflection is accompanied by an 
increase of the β-Sn reflections. Ge1-xSnx NRs after removal of the Sn seeds show a 
broadening of the Ge1-xSnx (111) reflection towards lower Sn concentrations at significantly 
higher temperatures. 

 

The underlying mechanisms of the decomposition of this metastable material should be 

discussed in detail. A suitable method to get information about the decomposition is in situ 

TEM using a heating holder. Selected images of an in situ TEM movie of a Ge1-xSnx NR heated 

up to 200 °C is presented in Figure 27a - f. The decomposition process starts with a change 

of the Sn/Ge1-xSnx interface. Subsequently, diffusion of solid Sn through the NR body within 

the boundaries of the NR towards the α-Sn nucleus is observed. A permanent diffraction 

contrast due to β-Sn can be observed at the end of the decomposition process. STEM-EDX 

mappings and TEM images of a Ge1-xSnx NR after a heat treatment at 180 °C show 

Sn-enriched areas along the NR body where at the same time nearly no Ge is present 

(Figure 27g - i). At the nucleation site a high amount of Ge is replaced by Sn suggesting a 

simultaneous, but spatially separated Ge and Sn diffusion. Therefore, metastable Ge1-xSnx with 

high Sn content must be dissolved and still metastable Ge1-ySny with lower tin content (x > y) 

must be deposited. The driving force for this process can be attributed to the gain of lattice 

energy when going towards pure Ge. At higher temperatures Sn is mainly located at the 

nucleation site of the NRs and the remaining Sn in the NR body is not homogenously 

distributed. Sn seems to have a strong impact on the thermal stability of metastable Ge1-xSnx 

alloys which should be considered when using this material for devices. 
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Figure 27: TEM images (a - f) picked out of an in situ TEM movie charting the decomposition 
process of Ge1-xSnx NRs at 200 °C and pointing out the ongoing processes. (a) shows an 
as-grown Ge1-xSnx NR. (b) The Sn/Ge1-xSnx interface starts to change followed by (c) a 
diffusion of Sn through the NR body within the boundaries of the structure. (d) A permanent 
diffraction contrast due to β-Sn is observed at the nucleation site of the Ge1-xSnx NR. (e + f) 
show ongoing diffusion processes. At higher temperatures (g + h) β-Sn is often located at the 
nucleation site of the NRs while at (i) lower temperatures Sn-rich areas are also found along 
the NR body. 

 

A second temperature regime for the synthesis of Ge1-xSnx NWs has been described in 

previous publications of our group showing that at higher temperatures indeed a lower amount 

of Sn can be incorporated into the Ge matrix and at the same time no α-Sn nucleus is present. 

Variable-temperature XRD measurements of the Ge1-xSnx NWs are in good agreement with 

the observations made for the Ge1-xSnx NRs. The Ge1-xSnx NWs with a Sn content of 

17 at. % - 19 at. % show higher thermal stability than the NRs with 28 at. % of Sn incorporated 

into the Ge matrix. The increased thermal stability after removal of the metallic Sn seeds 

confirm the observations described before. 
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In addition to the here presented growth study of Ge1-xSnx NRs and NWs, the optical 

properties of the synthesised nanostructures are determined and presented in Figure 28. As 

known from literature, a higher concentration of Sn incorporated on substitutional sites of the 

Ge crystal lattice leads to a decrease of the bandgap energies. The direct bandgap energy 

shrinks to a greater extent than the indirect bandgap energy leading to the transition into a 

direct bandgap material.205 In this work, Tauc plots from IR absorption measurements are used 

to determine the direct bandgap energy of Ge1-xSnx NRs and NWs. As expected, the Ge1-xSnx 

NRs have a significantly smaller direct bandgap energy (0.29 eV) than the Ge1-xSnx NWs with 

lower Sn content (0.40 eV). 

 

 

Figure 28: Tauc plots obtained by IR absorption measurements (insets) enable the 
determination of the direct bandgap energy of Ge1-xSnx NWs and NRs. 

 

Besides the optical properties, Ge1-xSnx NWs with a Sn content of 19 at. % 

(Ge0.81Sn0.19 NWs) are suitable building blocks for single NW devices enabling the 

determination of their electronic properties. Devices in two-point and four-point geometry are 

fabricated. Therefore, the Sn seeds are removed by treatment with diluted HCl due to the 

observed destabilising effect of metallic Sn on the metastable Ge1-xSnx alloy. The SEM image 

in Figure 29a confirms the successful removal of Sn by this treatment. The XRD measurement 

of a NW sample after HCl treatment in the inset of Figure 29a shows the absence of β-Sn and 

unaltered Ge1-xSnx reflections. Sn is distributed homogenously along the NW axis which is 

confirmed via STEM-EDX point measurements on a Ge0.81Sn0.19 NW before HCl treatment in 

Figure 29b. In addition, the Sn-rich area at the tip of the NW suggests a SLS-mechanism for 

the growth in this temperature regime. 
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Figure 29: (a) The SEM image confirms the successful removal of metallic Sn from the tips of 
the NWs by treatment with diluted HCl. The inset in (a) shows an XRD measurement 
highlighting the present phases after the acid treatment. β-Sn reflections are not present while 
Ge1-xSnx reflections are unaltered. (b) STEM-EDX point measurements on a Ge0.81Sn0.19 NW 
before HCl treatment confirm the homogenous distribution of Sn along the NW axis and a Sn 
growth seed is present at the tip of the NW as expected for metal-seeded bottom-up growth of 
anisotropic structures. 

 

Ge0.81Sn0.19 NWs are drop-casted on a Si substrate with a 100 nm thick, thermally grown 

SiO2 layer. The NWs are contacted by Au using standard EBL, deposition of metal by 

evaporation, and subsequent lift-off techniques. I-V curves obtained from measurements of 

the single NW devices in two-point geometry using Ge0.81Sn0.19 NWs with different diameters 

are presented in Figure 30a. In contrast to a study on electronic transport measurements of 

Au-Ge interfaces obtained by Au-seeded Ge NW growth which show the presence of a 

Schottky barrier, these devices reveal ohmic behaviour.343 However, the incorporation of Sn in 

the Ge lattice has a strong impact on the charge carrier mobilities in the specific sub-bands of 

this material as described in several theoretical studies leading to high current levels.241, 242 No 

clear trend concerning the influence of the NW diameter on the resistance can be observed. 

This hints towards a small contribution of a Ge0.81Sn0.19 NW to the overall resistance and a 

strong influence of the contact resistances. For comparison, a single NW device using an 

intrinsic, Au-seeded NW with similar dimensions grown in a CVD process is fabricated. The 
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electric current measured for Ge0.81Sn0.19 NW devices is approximately two orders of 

magnitude higher than for the comparison device confirming the low resistivity of Ge0.81Sn0.19 

NWs. In addition, no gating-effect could be observed when performing field-effect 

measurements with these devices. 

Single NW devices in four-point geometry are used to break down the contribution of the 

Ge0.81Sn0.19 NW resistance to the overall resistance. Therefore, two- and four-terminal 

measurements shown in Figure 30b are performed suggesting that four fifths of the overall 

resistance can be attributed to the contact resistances. Improving the quality of the contact 

resistances is not trivial due to several limitations arising by using Ge1-xSnx with such a high 

Sn content. Ni pads, which show very good performances when used as contacting metal for 

Ge and Ge1-xSnx with low Sn content, require high temperatures for the reaction with Ge to 

form germanides which is necessary for a high-quality contact.344 Moreover, Sn contacts can 

be ruled out as a contacting metal due to the expected dissolution of metastable Ge0.81Sn0.19 

and redeposition of still metastable Ge1-xSnx with lower Sn content at low temperatures altering 

the properties of the material. A possible improvement of the contacts could be achieved by 

the removal of the SnO2 layer of the Ge0.81Sn0.19 NWs formed during treatment with oxygen 

plasma to get rid of organic groups attached to the NW surface. Pre-treatment with hydrofluoric 

acid (HF) could remove organic groups efficiently without the formation of SnO2 on the surface 

and would therefore be a suitable process step for the improvement of the contacts. 

 

 

Figure 30: (a) Two-point measurements of single NW devices using Ge0.81Sn0.19 NWs with 
different diameters reveal very low resistances when compared to a single NW device using 
an intrinsic, Au-seeded Ge NW as building block. The inset in (a) shows a SEM image of a 
typical single NW device in two-point geometry. (b) Two- and four-terminal measurements are 
performed on the same Ge0.81Sn0.19 NW to determine the influence of the contact resistances 
on the overall resistance suggesting a very low resistance of Ge0.81Sn0.19 NWs. The single NW 
device in four-point geometry used for these measurements is shown in the SEM image as 
inset of (b). 

 

In addition, the temperature-dependence of the resistivity in the range 298 K - 10 K is 

measured for a device in four-point geometry using a 170 nm thick Ge0.81Sn0.19 NW as building 

block. The resistivity upon temperature variation is plotted in Figure 31 for different materials 

including an intrinsic and a Ga-hyperdoped Ge NW for comparison. The intrinsic Ge NW clearly 

shows an increase of resistivity for several orders of magnitude upon cooling towards 10 K 
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(semiconducting behaviour). The Ge0.81Sn0.19 and the Ga-hyperdoped Ge NW distinguish by a 

moderate resistivity. The inset in Figure 31 enables the attribution of semiconducting behaviour 

to the Ge0.81Sn0.19 NW and quasi-metallic behaviour to the Ga-hyperdoped Ge NW. However, 

Ge0.81Sn0.19 NWs show two orders of magnitude lower resistivity values at room temperature 

compared to the intrinsic Ge NW. At 10 K the difference in resistivity values between the 

Ge0.81Sn0.19 and the intrinsic Ge NW is even more striking and in the range of eight orders of 

magnitude. The huge difference of the resistivity values is caused by the slight 

temperature-dependence of the resistivity for Ge0.81Sn0.19 NWs compared to intrinsic Ge NWs. 

The decreased resistivity of Ge0.81Sn0.19 NWs can be caused by the increased carrier 

mobilities345 and slight increase of carrier concentration.346 

 

 

Figure 31: The temperature-dependence of the resistivity is measured for a 170 nm thick 
Ge0.81Sn0.19 NW implemented on a single NW device in four-point geometry. For comparison, 
curves from an intrinsic, Au-seeded and a Ga-hyperdoped Ge NW are added. The inset reveals 
a semiconducting behaviour for the Ge0.81Sn0.19 NW, while the Ga-hyperdoped Ge NW 
behaves like a metal. 

 

Variable-temperature XRD measurements reveal segregation processes occurring at 

moderate temperatures, especially if the metastable Ge1-xSnx alloy is in contact with metallic 

Sn. Changes in the composition of Ge1-xSnx NWs should have a strong impact on the 

performance of single NW devices built by this material. High-temperature XRD measurements 

in Figure 32a clearly show the starting segregation process at 260 °C for Ge0.81Sn0.19 NWs 

pre-treated with diluted HCl to remove the Sn seeds. Keeping in mind that these analyses have 

been performed with short holding times, a long-time thermal stability should be approximately 

40 °C - 50 °C lower. Therefore, devices in two-point geometry are annealed at 250 °C under 

inert atmosphere in 15 min steps to initiate the controlled decomposition with subsequent 

measurement of the electronic properties. In Figure 32b XRD measurements of a sample 

before and after the annealing clearly show the appearance of β-Sn and the splitting of the 

Ge1-xSnx (111) reflection after this treatment hinting towards a partial decomposition of these 

NWs. 
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Figure 32: (a) Variable-temperature XRD measurements of as-grown Ge0.81Sn0.19 NWs reveal 
a broadening of the Ge1-xSnx (111) reflection starting at 190 °C. After removal of the Sn seeds 
by HCl treatment, Ge0.81Sn0.19 NWs show short-time stability up to 250 °C. (b) The successful 
removal of Sn seeds from as-grown Ge0.81Sn0.19 NWs is demonstrated by XRD measurements. 
After thermal annealing at 250 °C a broadening of the Ge1-xSnx (111) reflection can be 
observed, hinting towards decomposition of the metastable alloy into still metastable Ge1-xSnx 
with lower Sn content accompanied by segregation of β-Sn which explains the occurrence of 
reflections attributed to this phase. 

 

After the first annealing step approximately one half of the built devices failed, which will be 

discussed in detail below. One of the eventually failing devices provided an electronic signal 

after the first annealing step but fails again after the second annealing step. All the other 

devices could be characterised in terms of their electronic properties even after the last 

annealing step. Figure 33a highlights three types of device behaviour. The first case (α) shows 

an increase in resistivity (contact resistances included) which can be attributed to the 
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decomposition of the Ge0.81Sn0.19 NW resulting in areas along the NW body where less 

amounts of Sn are incorporated in the Ge lattice leading to a decrease of the carrier mobility. 

In the second case (β) a decreasing resistivity upon annealing is followed by an increase in 

resistivity. While the increase in resistivity can be again explained by the decomposition of the 

material resulting in a Sn distribution illustrated in Figure 33b, the decreasing resistivity is 

assigned to the increased quality of the Au/Ge1-xSnx contact. The third case (γ) represents the 

continuous decrease in resistivity due to the absence of the decomposition of the metastable 

material shown in Figure 33c. 

 

 

Figure 33: (a) The behaviour of single NW devices upon annealing can be classified into three 
cases. One half of the used devices show device failure (α) by a fracture of the Ge0.81Sn0.19 
NW next to the Au contact (inset). Furthermore, it must be distinguished between devices 
where the resistivity decreases followed by an increase of resistivity due to degradation of the 
Ge0.81Sn0.19 NW at 250 °C (β) and devices where the resistivity decreases continuously during 
the annealing due to the increasing quality of the Au/Ge0.81Sn0.19 contact. (b - d) STEM-EDX 
point measurements of individual Ge0.81Sn0.19 NWs annealed for 60 min at 250 °C enable the 
assignment of the different device behaviours to a state of the annealed NW. 

 

A typical device failure is caused by a fracture of the NW material next to the Au contact as 

shown in the inset of Figure 33a. This could be attributed to a Ge1-xSnx material with a very 

inhomogeneous distribution of Sn supported by STEM-EDX point measurements and a 

STEM-EDX mapping shown in Figure 33d. Two aspects must be considered for the 

occurrence of the fracture at this specific point of the NW including material transport 
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phenomena and strain. Segregated Sn next to the Au contact can easily be removed from the 

NW material due to the high mobility of Sn in Au and therefore mass transport from the NW to 

the electrode pad.347 The resulting necked area of the NW located next to the Au contact can 

act as pre-determined breaking point due to the structural weakening. In addition, the 

segregation of Sn leads to a change of the lattice parameter of the redeposited Ge1-xSnx alloy 

with lower Sn content. The thereby generated mechanical tensile strain can result in the 

fracture of the NW. The observed failure is most likely a combination of all the discussed 

scenarios. 

3.3 Paper 4 

Epitaxial Ge1-xSnx Nanowire and Nanocone Growth using Sn Growth Seeds: Effects of the 

Seed Diameter and Photoluminescence Properties 

 

In Chapter 3.2 the successful growth of metastable, anisotropic Ge1-xSnx nanostructures via 

self-seeding in a solution-based microwave-assisted process without the use of a template is 

presented. However, the integration of this material on a Si platform via CMOS compatible 

processing is a further step towards tapping the full potential of metastable, anisotropic 

Ge1-xSnx nanostructures. 

Therefore, the self-seeding of metastable, anisotropic Ge1-xSnx nanostructures studied in 

Chapter 3.2 is adapted to enable the growth of these structures via metalorganic CVD 

(MOCVD) in a modified cold-wall reactor. The epitaxial growth of anisotropic Ge1-xSnx 

nanostructures on a Ge(111) substrate is targeted in a two-step process. Sn is deposited on 

the substrate via the thermal decomposition of bis[(dimethyl)amido]tin(II) supplied by a 

precursor flux generated by the partial pressure of the compound and applying a dynamic 

vacuum (~ 1∙10-3 mbar). This initial step is followed by the thermal decomposition of 

t-butylgermane in a batch reaction. Immediately after the growth process, the sample is 

disconnected from the graphite susceptor and transferred into a RIE etcher (CF4/O2 

process-gas) to remove an amorphous Ge layer deposited on the substrate and on the sidewall 

of the anisotropic Ge1-xSnx nanostructures. After RIE the samples are treated with diluted HCl 

to remove SnO2 and Sn seeds (if still present). 

All samples are characterised by electron microspopy (Figure 34). A top-view SEM image 

in Figure 34a shows globular structures and anisotropic structures growing not perpendicular 

to the substrate surface. A cross-sectional SEM image (Figure 34b) and a SEM image of a 

30°-tilted sample (Figure 34c) allows the identification of anisotropic nanostructures growing 

perpendicular to the Ge substrate surface and therefore appearing circular in the bird’s eye 

view. These anisotropic structures are removed mechanically from the Ge substrate and 

transferred to a lacey carbon Cu grid for TEM characterisation. A TEM image of an anisotropic 

nanostructure clearly shows the presence of a growth promoter at the tip of the strongly 

tapered NW as expected for NW growth via the VLS-mechanism (Figure 34d). The strong 

tapering of the NW can either be attributed to growth of Ge on the sidewall of the NW or 

incorporation of Sn in the Ge matrix which is also observed for self-seeded GaAs and InP 

NWs.348-350 The HRTEM image in Figure 34e of the same NW reveals the high crystallinity of 

the material. The FFT pattern (inset of Figure 34e) suggests the growth of this NW in the 111 

direction which can be expected for the epitaxial growth of Ge NWs on a Ge(111) substrate. 
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Figure 34: (a) Top-view SEM image of a sample where Sn is deposited on a Ge(111) substrate 
via MOCVD followed by the supply of Ge via thermal decomposition of t-butylgermane in a 
batch MOCVD process. SEM images of (b) a cross-section and (c) a 30°-tilted sample are 
presented. (d) A TEM image of a Ge1-xSnx NW is illustrated. The corresponding HRTEM image 

is shown in (e). The FFT pattern illustrates the growth along the 111 axis. 

 

STEM-EDX mappings of as-grown nanostructures and nanostructures after RIE (30 s) of 

the sample shown in Figure 34 are performed (Figure 35). The yellow bars in Figure 35a + b 

can be used to illustrate differences in diameters of a Ge/Sn overlay STEM-EDX map 

(Figure 35a) and the elemental map for Sn (Figure 35b) of an as-grown NW. The difference in 

diameter at the same NW position reveals the presence of a Ge-rich shell deposited on the 

sidewall of a tapered Ge1-xSnx NW. Sn is distributed homogenously within the Sn-rich body. 

The Sn growth promoter is located at the tip of the Ge1-xSnx NW suggesting the self-seeded 

growth of anisotropic Ge1-xSnx NWs via the VLS-mechanism. STEM-EDX maps of these 

structures after RIE (Figure 35c + d) show the successful removal of the Ge-rich shell due to 

selective etching of Ge which is indicated by equal red bars. 
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Figure 35: (a + c) Overlay of STEM-EDX elemental mappings and (b + d) STEM-EDX 
elemental mappings of Sn (a + b) before and (c + d) after RIE with a CF4/O2 gas-mixture (35 W, 
700 mTorr, 30 s) of a Ge1-xSnx NW are presented. The yellow bars in (a + b) have the same 
size and point out the presence of a Ge shell covering the tapered Ge1-xSnx NW body. (c + d) 
After RIE the Ge shell is not present any longer which is highlighted by equal red bars. 

 

Prolonged etching up to 75 s of Ge1-xSnx NWs results in the formation of an O- and 

Sn-enriched shell acting as an etching barrier (Figure 36). However, a treatment with diluted 

HCl after RIE is required to remove the SnO2 and any metallic Sn located at the tip of the NWs.   

 

 

Figure 36: (a) Overlay of STEM-EDX elemental mappings and STEM-EDX elemental 
mappings of (b) O, (c) Ge, and (d) Sn of a Ge1-xSnx NW after RIE for 75 s (35 W, 700 mTorr) 
are shown. The Ge1-xSnx NW body is covered with a thin (b) O- and (d) Sn-enriched layer. 
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A statistical evaluation using top-view SEM images of the sample shown in Figure 34a 

reveals the mean diameter of the Ge1-xSnx NWs’ base is 81 nm ± 22 nm (1σ) and only a small 

fraction of 2.3 % growing off axis (Figure 37). 

 

 

Figure 37: Statistical evaluation of Ge1-xSnx NW base-diameter by using top-view SEM images 
as presented in Figure 34a. 

 

A strong impact of the Sn particle diameter on the morphology of the anisotropic 

nanostructures is observed. While smaller Sn particles result in the growth of NWs and 

nanocones (NCs), bigger growth promoters form micropillars (MPs) and in-plane NWs. The 

SEM image of a 30°-tilted sample in Figure 38a shows Ge1-xSnx MPs and in-plane NWs (black 

circles). A schematic representation in Figure 38b highlights the chronological sequence of the 

two-step growth and possible morphologies which strongly depend on the Sn particle diameter. 

The Sn particle diameter can be adjusted by the duration of the Sn deposition and the substrate 

temperature. 

 

 

Figure 38: (a) SEM image of a 30°-tilted sample with thick in-plane NWs (black circles) and 
MPs. A schematic presentation of structures observed in this process is shown in (b). 

 

STEM-EDX point measurements on the Ge1-xSnx NW presented in Figure 35c + d (after 

RIE) show a constant value of 19.3 at. % ± 0.9 at. % (1σ) incorporated along the NW axis 

without signs of Sn clustering. 
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Figure 39: STEM-EDX point measurements along the axis of a Ge1-xSnx NW after RIE. 

 

Depending on the growth conditions Ge1-xSnx NWs can be terminated by the full 

consumption of the Sn seeds which results in Ge1-xSnx NCs. A STEM image of such a 

nanostructure is highlighted in Figure 40a and STEM-EDX maps are recorded. This 

characterisation illustrates that for nanostructures containing a small Ge shell the STEM-EDX 

point measurements can be corrected using geometrical relations. The determined and 

corrected average Sn content (20.5 at. % ± 1.1 at. % (1σ)) is in reasonable agreement with 

results obtained for NWs and NCs without a Ge shell (Figure 40e). 

 

 

Figure 40: (a) presents a STEM image of a Ge1-xSnx NW where the Sn seed is completely 
consumed during the growth. (b) Overlay of STEM-EDX elemental mappings and individual (c) 
Ge and (d) Sn STEM-EDX elemental mappings of the Ge1-xSnx NW highlighted in (a) show the 
presence of a thin Ge layer. (e) STEM-EDX point measurements along the dotted line 
highlighted in (d) suggest a homogeneous incorporation of Sn in the Ge matrix. The Sn 
contents observed by STEM-EDX are corrected due to the thin Ge layer and the elemental 
distribution is illustrated in (e). 
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Information concerning the area between the Ge substrate and the growing nanostructure 

is lost due to the removal of these structures from the substrate using mechanical force. 

Therefore, lamellae are prepared for a sample with Ge1-xSnx MPs and in-plane NWs and a 

sample containing thin Ge1-xSnx NWs. STEM-EDX mappings of a Ge1-xSnx MP with a 

base-diameter of 1.1 µm are presented in Figure 41a - c. The darker area underneath the Sn 

seed is caused by a defective Pt protection layer during the lamella formation resulting in a 

channelling effect of the Sn single crystal. Therefore, preferential thinning of Ge and Ge1-xSnx 

is observed in this area. The interface between the Sn seed and the Ge1-xSnx MP is very sharp 

(Figure 41a). A strong tapering of this structure can be attributed to the incorporation of Sn 

which is confirmed by STEM-EDX point measurements (Figure 41d). However, these 

measurements reveal a significant gradient of Sn incorporation with low Sn content for Ge1-xSnx 

growing on top of the Ge substrate and continuous increasing values for the material growing 

in the process. 

This observation can be explained by an initial pseudomorphical growth of the Ge1-xSnx on 

the Ge substrate. Therefore, the incorporation of Sn which leads to an expansion of the Ge 

crystal lattice is limited by the templating effect of the Ge crystal lattice of the substrate. The 

range of efficiency of the templating effect induced by the Ge substrate strongly depends on 

the possibility of the Ge1-xSnx alloy to relieve internal strain. In a recently published study, Sn 

contents of approximately 15 at. % are achieved for Ge1-xSnx thin films epitaxially grown on a 

Ge buffer layer approximately 500 nm away from the Ge surface which is in good agreement 

with results from this work showing a maximum Sn content of 15.4 at. % for a length of 

430 nm.251 

 

 

Figure 41: STEM-EDX mappings of a thick, epitaxially grown Ge1-xSnx MP observed on a 
lamella of the sample presented in Figure 36a are shown. The (a) overlay image of the 
elemental mappings of (b) Ge and (c) Sn points out the sharp interface between the Sn seed 
and the thick Ge1-xSnx MP. (d) STEM-EDX point measurements highlight the gradient of Sn 
incorporation caused by strain-effects induced by the Ge substrate. 
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A STEM image of an in-plane NW next to the Sn seed and the corresponding STEM-EDX 

mappings are highlighted in Figure 42. The internal strain caused by the templating effect of 

the Ge substrate cannot be relieved easily in this growth-scenario resulting in very low Sn 

contents of approximately 4 at. %. 

 

 

Figure 42: (a) STEM image of an in-plane Ge1-xSnx NW observed on a lamella of the sample 
presented in Figure 36a. The (b) overlay image of the STEM-EDX elemental mappings and 
STEM-EDX elemental mappings of (c) Ge and (d) Sn are shown. Incorporation of Sn in the Ge 
matrix is low in these structures (~ 4 at. %) due to the compressing effect of the Ge substrate 
counteracting this process. 

 

In contrast to the Ge1-xSnx MPs and in-plane NWs, Ge1-xSnx NWs have the possibility to 

relieve internal strain more efficiently by dilatation. Figure 43a - c show STEM-EDX elemental 

mappings of a Ge1-xSnx NW with a much smaller diameter (~ 95 nm) compared to the Ge1-xSnx 

MP presented in Figure 41. STEM-EDX point measurements reveal a transition zone of 80 nm 

resulting in a maximum Sn content of approximately 20 at. %. This very narrow transition zone 

compared to the Ge1-xSnx MP and Ge1-xSnx thin films grown on a Ge buffer layer reveals the 

capability of nanostructures to relieve internal strain more efficiently. 
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Figure 43: The (a) overlay image of the STEM-EDX elemental mappings and STEM-EDX 
elemental mappings of (b) Ge and (c) Sn of a thin, epitaxially grown Ge1-xSnx NW observed on 
a lamella of the sample presented in Figure 34 are shown. (d) STEM-EDX point measurements 
highlight the gradient of Sn incorporation caused by strain-effects induced by the Ge substrate. 

 

Moreover, the possibility to elongate Ge1-xSnx MPs by adapting the growth conditions is 

investigated. Therefore, the amount of Ge precursor (200 µl), the substrate temperature 

(360 °C), and the decomposition time (45 min) are increased. The STEM image and the 

corresponding STEM-EDX mappings in Figure 44 clearly show the successful elongation of 

Ge1-xSnx MPs to Ge1-xSnx MWs. However, the increase of substrate temperature and 

decomposition time exceed the limit of the as-grown material’s thermal stability. The prolonged 

thermal exposure results in the segregation of elemental Sn manifesting in Sn-enriched areas 

along the MW axis and the growth of small NWs on the surface of the Ge1-xSnx MW. 

The overall Sn content of the MW body (Sn seed excluded) is determined to be 6.52 at. % 

which is incorporated in the Ge matrix before segregation occurs. Ge1-xSnx alloys epitaxially 

grown on a Ge buffer layer at comparable temperatures (350 °C - 400 °C) reveal Sn contents 

of approximately 5 at. % - 12 at. % which is in good agreement with these results.342 

Furthermore, the remaining Ge1-xSnx alloy of the segregated MW contains up to 3.56 at. % Sn. 

According to literature, a 750 nm thick strain-relaxed Ge1-xSnx film grown on a Ge buffer layer 

which contains 4.8 at. % Sn shows thermal stability upon annealing at 350 °C for 30 min.351 As 
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discussed in Chapter 3.2 segregation of Sn in Ge1-xSnx alloy is a statistical process depending 

on temperature, time, and Sn content. The amount of Sn incorporated in Ge1-xSnx MWs for the 

chosen growth conditions is slightly too high to withstand the synthesis process. 

 

 

Figure 44: (a) STEM image of a strongly elongated Ge1-xSnx MP realised by increasing the 
amount of Ge precursor (200 µl), the substrate temperature (360 °C), and the decomposition 
time (45 min). The (b) overlay image of the STEM-EDX elemental mappings and STEM-EDX 
elemental mappings of (c) Ge and (d) Sn clearly point out the segregation of the Ge1-xSnx alloy 
at these growth conditions. 

 

The optical properties of Ge0.81Sn0.19 NWs epitaxially grown on Ge are evaluated by 

temperature- and laser power-dependent PL measurements (Figure 45). For both PL series a 

signal in the range 2.76 µm - 2.00 µm (0.45 eV - 0.62 eV) can be attributed to the Sb-doped 

Ge substrate showing indirect bandgap behaviour. The direct bandgap PL signal located at 

4.28 µm (0.29 eV) for room temperature can be assigned to the Ge0.81Sn0.19 NWs which is in 

good agreement with theoretical205 and experimental325 studies on thin films showing direct 

bandgap energies for similar compositions in the same range (Figure 45a). Furthermore, a 

blue-shift of the PL signal upon cooling (Figure 45a) and for increased laser powers 

(Figure 45b) is observed. The increase of the PL signal upon cooling (Figure 45a) and for 

higher laser powers (Figure 45b) is a strong hint for the transition of Ge into a direct bandgap 

semiconductor and these observations agree well with a study about optical transitions in direct 
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bandgap Ge1-xSnx alloys.238 According to literature, the clear evidence of PL from a direct 

bandgap semiconductor which is dominated by band-to-band recombination is provided by 

validation of the direct proportionality between the integrated PL intensity (I) and the excitation 

power (P) (I ~ Pm with m = 1).238, 352 Therefore, the integrated PL intensity is plotted versus the 

excitation power in a double logarithmic diagram. The slope of the curve is very close to 1 

which proves that a Ge0.81Sn0.19 NW epitaxially grown on Ge is a direct bandgap 

semiconductor. 

 

 

Figure 46: PL measurements for Ge0.81Sn0.19 NWs epitaxially grown on a Ge(111) substrate 
for different (a) temperatures and (b) laser powers. 
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4 Summary 
 

In this thesis two Ge-based material systems with metastable composition and altered 

physical properties have been prepared. Therefore, kinetically controlled metal-assisted 

bottom-up growth processes are developed to successfully incorporate the metal of the growth 

seed in the evolving crystal. 

The first part of this work illustrates the successful incorporation of Ga in the Ge matrix via 

self-seeding at temperatures down to 210 °C. The Ga incorporation efficiency exceeds the 

maximum solid solubility of Ga in Ge 3 - 4 times and is approximately 50 times higher than the 

binary phase diagram would predict at these growth temperatures. The electronic properties 

of Ga-hyperdoped Ge NWs are evaluated using single NW devices. Extremely high carrier 

concentrations can be obtained suggesting that one third of the incorporated 3.5 at. % Ga 

(1.5∙1021 cm-3) are electrically active. Temperature-dependent resistivity evolution reveals a 

quasi-metallic behaviour of these highly doped Ge NWs. Clustering of Ga within the Ge matrix 

is excluded by measuring the resistance at temperatures down to 0.269 K without a transition 

to the superconducting regime. The material is stable for at least 24 h at 250 °C, while 

segregation of Ga is observed at 400 °C as can be expected for a metastable material treated 

at higher temperatures.  

The second part of this work deals with the growth of anisotropic, metastable Ge1-xSnx 

alloys. The first investigated approach for the synthesis of Ge1-xSnx with high Sn contents is a 

solution-based microwave-assisted process via homogeneous nucleation and without the use 

of a template. Ge1-xSnx NRs with Sn contents up to 28 at. % are synthesised at temperatures 

as low as 140 °C. The high Sn incorporation can be attributed to the in situ formation of α-Sn 

acting as template for the growth of Ge1-xSnx, even though its thermal stability is reported being 

well below the growth temperatures. For the growth of Ge1-xSnx NWs with Sn contents up to 

19 at. % the presence of in situ formed α-Sn is not observed. Characterisation of the obtained 

Ge1-xSnx material using electron microscopy and XRD allow to suggest a phase map for this 

approach including kinetic parameters such as growth rate and thermal stabilities of materials 

growing in different temperature regimes. 

The thermal stability of the synthesised Ge1-xSnx alloys is evaluated by variable-temperature 

XRD measurement under H2 atmosphere showing a strong dependence on the Sn content. 

Moreover, the presence of metallic Sn can induce the degradation of the metastable material 

and reduce the stability by approximately 70 °C. In addition, a highly unusual degradation by 

solid diffusion of Sn and the dissolution and redeposition of Ge1-xSnx with altered composition 

is observed below the melting temperature of Sn. The physical properties are investigated, and 

IR absorption measurements illustrate a direct bandgap for both products. As expected, 

increasing the Sn content in Ge1-xSnx leads to a smaller direct bandgap energy which is 

confirmed by these measurements. 

Single NW devices are fabricated using Ge0.81Sn0.19 NWs. The resistivity of these NWs is 

much lower when compared to Au-seeded intrinsic Ge NWs. The limited thermal stability of 

Ge0.81Sn0.19 NWs leads to segregation events when heated above the previously investigated 

stability window. The electronic properties are measured after the heat treatment leading to 

three different scenarios. The first scenario leads to a decrease of resistivity due to the better 

quality of the Au-Ge0.81Sn0.19 contact caused by the heat treatment in combination with an 

unaltered Ge1-xSnx NW. However, some devices fail or show increasing resistivities due to the 

segregation of the Ge0.81Sn0.19 NWs. 

The insights obtained by this microwave approach are used to implement a vapour-phase 

process for the epitaxial growth of anisotropic, metastable Ge1-xSnx alloys on a Ge(111) 
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substrate. In a two-step process Ge1-xSnx NWs, MPs, and in-plane NWs can be grown. A strong 

dependence of the Sn growth promoter’s diameter on the morphology is observed. 

Furthermore, Sn contents for epitaxially grown Ge1-xSnx NWs on a Ge substrate up to 

19.3 at. % are obtained by this approach. Moreover, a diameter-dependent transition zone 

revealing a significant gradient of Sn incorporation is observed, while a high amount of strain 

due to the lattice mismatch of 2.94 % between the Ge substrate and the growing Ge0.81Sn0.19 

NW can be compensated within 80 nm. In contrary, MPs show typical Sn concentration profiles 

as described for thin films being in the regime of hundreds of nanometres. 

The high quality of the material manifests in PL with the expected wavelength of 4.28 µm 

(0.29 eV) associated with a direct bandgap at room temperature and increasing intensity at 

lower temperatures and higher fluence. These measurements suggest the successful 

transition of Ge into a direct bandgap semiconductor. 
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6 Appendix 
 

6.1 Papers 

 

In this chapter the peer-reviewed papers discussed in Chapter 3 are listed in their original 

form: 

 

1. Direct Synthesis of Hyperdoped Germanium Nanowires 

 

2. Pushing the Composition Limit of Anisotropic Ge1-xSnx Nanostructures and 

Determination of Their Thermal Stability 

 

3. Electrical Characterization and Examination of Temperature-Induced Degradation 

of Metastable Ge0.81Sn0.19 Nanowires 

 

4. Epitaxial Ge1-xSnx Nanowire and Nanocone Growth using Sn Growth Seeds: Effects 

of the Seed Diameter and Photoluminescence Properties 
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§Physikalisches Institut, Goethe-Universitaẗ, Max-von-Laue-Street 1, 60438 Frankfurt am Main, Germany

*S Supporting Information

ABSTRACT: A low-temperature chemical vapor growth of Ge nanowires
using Ga as seed material is demonstrated. The structural and chemical
analysis reveals the homogeneous incorporation of ∼3.5 at. % Ga in the Ge
nanowires. The Ga-containing Ge nanowires behave like metallic
conductors with a resistivity of about ∼300 μΩcm due to Ga hyperdoping
with electronic contributions of one-third of the incorporated Ga atoms.
This is the highest conduction value observed by in situ doping of group IV
nanowires reported to date. This work demonstrates that Ga is both an
efficient seed material at low temperatures for Ge nanowire growth and an
effective dopant changing the semiconductor into a metal-like conductor.

KEYWORDS: germanium, nanowires, hyperdoping, gallium, quasi-metallic, semiconductor

Anisotropic Ge nanostructures have been used as active
components for different applications including field
effect transistors,1 lithium ion batteries,2 solar cells,3

and humidity sensors.4 Ge nanowires (NWs) have been
successfully prepared by different methods in bottom-up and
top-down approaches.5 The most popular synthesis approach is
the use of metal growth promoters in bottom-up processes
including vapor−liquid−solid (VLS),6 supercritical-fluid−
liquid−solid (SCFLS),7 and solution−liquid−solid (SLS)8

mechanisms as well as the growth by solid metal seeds.9

Many metallic growth seeds have been described in the
literature to result in highly crystalline Ge NWs.9−11 For some
of the above-mentioned applications doping of the NWs is a
prerequisite, which can be achieved either by external sources
during crystal growth12−14 or by the incorporation of atoms
from metal seeds15−18 used for the realization of anisotropic
crystal constitution. The incorporation of dopants in the Ge
matrix has recently been the focus of several studies, and rather
effective doping with heavy group III atoms has been observed
in low-temperature growth of Ge NWs using In as seeding
material19 and also for Bi in Ge nanoparticles.20 The electrical
properties of the In-containing Ge NWs have not been
investigated, which might be related to pronounced twinning of
the NWs derived by that approach. Therefore, the actual
activity and effect of the nature of the incorporated In atoms on
the electronic properties are unknown. In contrast, Bi-
containing Ge nanoparticles exhibit an increased charge carrier
density when compared to undoped Ge crystals prepared by
the same method.20

Even though Ga is known to be an excellent p-dopant for Ge,
to the best of our knowledge, Ga has not been used for vapor-
based growth strategies of Ge nanostructures in the past. The
electrodeposition using Ga as nucleation sites for the growth of
Ge microwires, the so-called electrochemical liquid−liquid
growth mode, is the only exception where Ga was identified as
an effective growth promoter.21,22 This type of growth using Ga
as an electrode and seed leads to protuberances along the
microwires. The Ga-seeded microwires typically showed highly
pronounced tapering and incorporation of 8−10 at. % Ga in the
Ge matrix. This is accompanied by p-type behavior in the
electronic properties.21 However, the dopant activation was
poor and the carrier concentration was several orders of
magnitude lower than the actual Ga concentration.22

First indications for suitable conditions of Ga-mediated Ge
NW growth can be deduced from the binary Ge−Ga phase
diagram. The Ga/Ge eutectic is very close to the melting point
of Ga (29.8 °C) with only 0.006 at. % Ge (<1 at. % at 200 °C)
in the Ga melt (Figure S1 in the Supporting Information; SI).23

According to the classification of metal particles acting as
catalysts for NW formation, Ga can be considered to be a “type
B” catalyst with a eutectic containing less than 1 at. % of the
semiconductor material and the absence of germanide phases in
the binary phase diagram.24
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Our study illustrates that Ga can be an efficient metal growth
seed for single-crystalline Ge NWs at temperatures slightly
above 200 °C in vapor phase syntheses. During the synthesis
∼3.51 ± 0.29 at. % Ga is incorporated in the growing Ge
matrix, leading to the formation of a material with dramatically
altered electronic properties. Such hyperdoped Ge NWs with
∼5 × 1020 cm−3 active p-dopant atoms will exhibit quasi-
metallic conductivity.

RESULTS AND DISCUSSION
Scanning electron microscopy (SEM) imaging reveals a high
density of Ge NWs achieved using a Ga-mediated low-
temperature chemical vapor deposition (CVD) synthesis
approach as shown in Figure 1a. A very slight tapering is

discernible in these NWs, and the diameters average about 100
nm, while typical lengths are several micrometers. A scanning
transmission electron microscopy energy dispersive X-ray
spectroscopy (STEM-EDX) map for Ga and Ge near the
NW tip is shown in the inset of Figure 1a, nicely visualizing the
Ga particle at the tip of the Ge NWs. Transmission electron
microscopy (TEM) was used to study microstructural proper-

ties of the Ge NWs. For that purpose Ge NWs were deposited
onto lacey carbon grids by direct transfer using shear force. The
single-crystalline nature of the Ga-seeded Ge NWs is revealed
by high-resolution TEM as illustrated in Figure 1b. The fast
Fourier transformation (FFT) pattern shown in the inset
depicts the growth direction of the Ge NWs to be along the
⟨111⟩ axis, which is the typical orientation for group IV NWs of
this diameter.25 Slight tapering can also be noticed in the TEM
image of the inset along a NW of several micrometers and is
discussed vide inf ra.
The local composition of the NWs has been determined by

STEM-EDX. The Ga particle terminating the NW contains ≤1
at. % Ge according to EDX data, which is slightly higher than
the expected value at room temperature. According to the
phase diagram, Ge is essentially immiscible in Ga at room
temperature (0.006 at. %), but the liquid phase at the growth
temperature of 210 °C contains up to 1 at. % Ge.23 Conversely,
according to the phase diagram at the growth temperatures
applied here a maximum of ∼0.07 at. % Ga should be expected
in the Ge NWs.23 However, STEM-EDX mapping of a NW
section reveals a much higher homogeneously distributed
concentration of Ga in the Ge matrix (Figure 2a). The average
Ga content determined by EDX in these NWs is 3.51 ± 0.29 at.
% (1σ standard deviation). For an overview of NWs in the
diameter range 65−150 nm see Figure S2 of the Supporting
Information. The accuracy of all EDX values should be

Figure 1. (a) SEM image of Ge NWs grown by Ga seeding at 210
°C for 6 h. The inset shows a STEM EDX mapping indicating the
Ga particle at the tip of the NWs. (b) High-resolution TEM image
of a selected Ga-seeded Ge NW revealing the single-crystalline
nature of the material. The growth along the ⟨111⟩-axis can be
determined by the fast Fourier transformation in the inset.

Figure 2. (a) STEM-EDX mapping of a Ga-seeded Ge NW showing
the homogeneous distribution of Ga in the Ge matrix and (b) the
Ga signal across a NW replicating the shape of the Ge signal very
well. (c) Ga concentration profiles along the NW axis for a distance
of 2 μm (blue) and a radial concentration profile (green). The
shaded red area was included to represent an uncertainty interval of
±0.5 at. % immanent to EDX.
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considered to potentially deviate by ±0.5 at. % due to the
limited sensitivity of the method. Complementary bulk
quantification of hyperdoped Ge NW samples using laser-
assisted inductively coupled plasma mass spectrometry (LA-
ICP-MS) reveals high concentrations of Ga in the Ge NWs.
The most accurate comparison of the data obtained by EDX
and LA-ICP-MS is based on Ge nanorod samples after removal
of all access Ga on the surface, suggesting an overestimation of
∼0.5 at. % by EDX analysis. These investigations will be
published in detail elsewhere. An EDX line scan across a typical
NW shows the replication of the Ge signal in the Ga channel,
and no hints toward a potential core−shell formation have been
observed (Figure 2b). This is a representative result for
different positions along a NW. The diminishing NW diameter
along its axis can be attributed to the incorporation of the Ga
growth promoter in the Ge NW body and not caused by an
additional vapor−solid growth of Ge on the NW sidewalls.15

EDX line scans along the Ge NW growth axis reveal a quite
homogeneous distribution of Ga with only a minor fluctuation
around 3.91 ± 0.27 at. % (1σ) as illustrated in Figure 2c. A
radial scan as illustrated in the inset of Figure 2c shows a similar
distribution (3.86 ± 0.24 at. %; 1σ). In general, EDX profiles
display fluctuations around a mean value in the 3−4 at. % range
and thus indicate a random incorporation of Ga in the Ge NW
matrix, as can be expected from a self-doping process involving
the catalyst particle. In contrast, doping profiles will differ along
the NW axis when impurities are preferentially incorporated via
vapor−solid growth on the sidewalls, leading to tapering of the
NWs.12

The remarkably high Ga concentration might be a
consequence of solute trapping at step edges during the Ge
NW growth. This model has been discussed for the
incorporation of Al in Si NWs, where unusually high Al
concentrations in the Si NW body have been observed.17,26

According to the literature, the group IV NW growth can
proceed with successive addition of bilayers through a step flow
process,27 and during this process catalyst atoms can be trapped
in the bilayer due to the high growth rate. However, the NW
growth presented here is quite slow when considering the
growth time of hours. Nevertheless, a step flow process to form
the bilayer could be assumed as being fast even though the
overall growth rate is slow. The actual bilayer growth via step
flow requires an initial nucleation event with a distinct energy
barrier that has to be overcome. A reason for the small overall
growth rate can be the slow decomposition of the Ge precursor
and thus an extended time span for the buildup of sufficient
supersaturation in the Ga growth seed to overcome the
nucleation barrier. Once the new layer is growing, the
supersaturation drops dramatically and enrichment of the
growing materials has to take place before a new layer forms.
The actual efficiency of incorporation during this crystal growth
process is most likely due to the similar atomic radii of Ga and
Ge and therefore an absence of strain by the incorporation of
Ga in the Ge lattice.28 Therefore, we propose the same model
of solute trapping as applied to Al incorporation in Si NWs.17

Within this scenario the observed high Ga content in the Ge
matrix becomes plausible. A direct experimental proof of the
trapping of the Ga growth promoter in the Ge matrix during
the Ge NW growth could most probably be achieved using a
combined strategy of presented methods for Al-seeded Si NWs,
but would ideally require in situ TEM imaging facilities.27,29

However, the high Ga concentration trapped in the Ge matrix
represents a metastable material composition. At temperatures

close to the growth temperature no changes in the composition
could be recorded for heating cycles of 10 h at 250 °C due to
limited and very slow diffusion processes at these temperatures.
Typical for metastable compositions, increased annealing
temperatures lead to diffusion processes and thus Ga
segregation. This effect can be illustrated best monitoring
twin structures, which are a minor fraction in the nanowire
samples. Figure S3 shows a twin along the axis of a Ge0.97Ga0.03
NW grown at 230 °C without a sign of Ga enrichment at the
interface even after 10 h at 250 °C, while a similar twin heated
for 6 h at 400 °C shows not only strain effects in the TEM but
also Ga enrichment/segregation at the interface of both crystals
in the STEM-EDX. The twin structures are ideal to illustrate
this effect because the mobility of the segregated Ga at
interfaces is limited when compared to a surface diffusion.
Similar phase separation of a component in a metastable Ge-
based alloy can be found in the well-known GeSn system when
the crystalline phase is heated above a threshold temperature,
which depends on the initial composition.30

The electronic properties of the hereafter called Ge0.97Ga0.03
NWs have been determined after treatment in 2% hydrofluoric
acid to remove any Ga from the NWs surface. The NWs have
been deposited on Si substrates with a 100 nm thick, thermally
grown SiO2 layer by dry transfer and contacted by aluminum
pads fabricated by electron-beam lithography, sputter deposi-
tion, and lift-off techniques. Two-terminal I−V measurements
of Ge0.97Ga0.03 NWs with different diameters as well as an
intrinsic Ge NW grown by Au-mediated CVD are shown in
Figure 2a.
The Ge0.97Ga0.03 NW devices integrated in two-point

measurement modules show ohmic behavior as expected for
a highly doped semiconductor in conjunction with very high
current levels. The thereof calculated resistance of the
hyperdoped Ge0.97Ga0.03 NWs is about 3 orders of magnitude
lower than for the intrinsic Ge NW and thus amply illustrates
the strong impact of the incorporation of the Ga seed material
in the Ge crystal (lower inset of Figure 3a). Due to the high
conductivity values of the Ge0.97Ga0.03 NWs, we neither
expected nor could measure any noticeable field effect response
in the back-gated NW field effect transistor. Also, in low-
temperature resistance measurements in transverse magnetic
fields we found a negligibly small magnetoresistance effect.
Spread in the two-probe I−V characteristics of different NWs
(see Figure S4 of the Supporting Information) could be traced
back to variations in the individual contact resistances by
complementary four-probe measurements. From four-point
measurements exemplarily shown in Figure 3b, we determined
resistivity values quite typically to be as large as 300 μΩcm for
Ge0.97Ga0.03 NWs, while intrinsic Ge NWs grown by using Au
as growth promoter reveal resistivity values of about 11 Ωcm30

as described in the literature.
From the resistivity values measured in this study we deduce

an electronically active impurity concentration of ∼5 × 1020

cm−3 for p-dopants, such as Ga, in bulk Ge samples using
literature data.31 This is far above the solubility limit of Ga in
Ge at thermodynamic equilibrium, which would lead to a
maximum Ga concentration of 3.1 × 1019 cm−3 (∼0.07 at. %)
according to the phase diagram.23 Therefore, the value
determined here suggests that approximately one-third of the
∼3.5 at. % Ga atoms (1.5 × 1021 cm−3) are electronically active
and are expected to be at substitutional sites in the Ge lattice. In
addition, Ge0.97Ga0.03 NWs can withstand remarkably high
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currents of more than 1 mA, corresponding to about 12 MA/
cm,2 before device failure occurs (Figure S4 inset).
In contrast, electrodeposition of Ge micro/nanowires using

Ga as electrode material also leads to the incorporation of Ga in
the Ge matrix but results in strongly tapered nano/microwires
as well as p-type semiconductor behavior.21,22 Even though
these anisotropic Ge structures contain twice or three times as
much Ga (8−10 at. %) when compared to the material
described herein, the effect on the electronic properties is very
low. The actual number of electronically active Ga atoms is
determined to be about 2.3 × 1015 cm−3, correlating to ∼10−7
at. % of electronically active Ga dopants. The differences could
be related to temperature effects during growth (40 °C for
electrodeposition vs 210 °C in this study), the actual growth
rate, crystal quality, and Ga being incorporated at actual
substitutional sites. The extraordinarily large effect on the
electronic properties can be also manifested comparing the
impact of ∼5 at. % Al incorporation in Si NWs, where only a
density of ∼1 × 1019 cm−3 electronically active impurities has
been observed. These values are more than ∼50 times lower
than we have observed in the hyperdoped Ge0.97Ga0.03 NWs.
Temperature-dependent resistance measurements have been

recorded for Ge0.97Ga0.03 NW devices in four-terminal
configurations and compared to Au-seeded Ge NWs. The
Au-seeded and thus nominally intrinsic Ge NW shows an
increase in resistivity of 6 orders of magnitude under cooling
from 300 to 4 K, while the Ge0.97Ga0.03 NWs exhibit a weakly

metallic-like temperature-dependent resistivity decrease with a
residual resistance ratio of about 1.2 (Figure 4). A similar

behavior is reported for other dopants, such as group VI
elements in Si, showing the same temperature dependence
when unusually high concentrations of dopants are incorpo-
rated in the semiconductor crystal.32 In these studies the notion
“hyperdoping” was coined and represents concentrations of the
dopants exceeding their thermodynamic solubility limit.33,34

These high-impurity concentrations can form a new impurity
band that leads to a transition of the semiconductor to a
metallic-like conductor (semiconductor−metal transition)
instead of an impurity state within the band gap of the
semiconductor for small and intermediate doping levels. Hence,
following this reasoning the Ge0.97Ga0.03 NWs are hyperdoped
with Ga due to their described electronic behavior and the high
Ga level representing ∼50 times the solubility limit at the
growth temperature and exceeding even 3−4 times the
maximum solubility observed at high temperatures.23

Upon further cooling, a small drop in resistance of ∼30 Ω at
1.6 K is observed (Figure 4 inset and Figure S5), which is
suppressed at the lowest temperature of 0.269 K by applying a
weak overcritical magnetic field of less than 250 mT (Figure
S6). This resistance drop is associated with the Al electrodes
used in the two-probe measurement that have been fabricated
by sputtering and are expected to contain a small amount of
oxygen impurities, causing the critical temperature increase of
Al (1.1 K in the clean limit) to 1.6 K.35 The Ge0.97Ga0.03 NW
measured down to 0.269 K did not show a superconducting
transition, but a possible onset of superconductivity below this
temperature cannot be ruled out by this study

CONCLUSION
We demonstrate the successful Ga-assisted growth of Ge NWs
at low temperatures of 210 °C. This process leads to
hyperdoping of the Ge NWs with Ga concentrations of ∼3.5
± 0.29 at. %, which is ∼50 times higher than the solubility limit

Figure 3. (a) Two-probe I−V measurements of Ge0.97Ga0.03 NW
devices of different diameters as well as a Au-seeded Ge NW for
comparison. (b) The influence of contact resistances can be
illustrated in four-point geometry and compared with a two-
terminal measurement using the same NW.

Figure 4. Evolution of resistance during cooling in the temperature
range 300−0.269 K. The upper inset shows a comparison of the
resistivity of a Au-seeded intrinsic Ge NW and a Ge0.97Ga0.03 NW
measured in four-point configuration in the temperature range 4−
300 K. The lower right inset shows a drop in resistance at ∼1.6 K
that has been obtained in two-point geometry and is displayed with
a constant offset of 1020 Ω due to the influence of contact
resistance.
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at this temperature. The high Ga incorporation efficiency is
probably due to solute trapping during the growth of Ge
bilayers. Hyperdoping of Ga in Ge leads to metal-like behavior
conductivity of the NWs, and the importance of contact
resistances in devices prepared using Al as contact material was
identified.

METHODS
All synthetic procedures and handling of the chemicals for the
nanostructure synthesis have been carried out using Schlenk
techniques or an argon-filled glovebox (MBraun). Solvents were
dr i ed over sod ium and stored in a g lovebox . The
(pentamethylcyclopentadienyl)gallium(I) precursor (Ga(C5Me5);
GaCp*) was prepared using sonochemical synthesis of GaI and
subsequent salt elimination using KCp* in dry benzene according to
the literature.36 tert-Butylgermane (TBG; (C4H9)GeH3) was pur-
chased from Gelest.
Nanostructure Synthesis. tert-Butylgermane [76 mg (572

μmol)−152 mg (1144 μmol)] was loaded in a 5 mL cell from HIP
using a glovebox. The silicone substrates were infiltrated by GaCp*
and introduced in the cell before the vessel was closed. Heating this
vessel for 6−12 h at temperatures of 210−230 °C results in the growth
of dense nanowire meshes on the silicone substrate. Data presented
herein are limited to the NWs grown at 210 °C.
Post growth annealing was performed in a quartz tube at 250−400

°C for 6−10 h under a 10% H2/90% N2 atmosphere to test the
stability of the material.
Nanostructure Characterization. The Ge NWs were analyzed

using a FEI Inspect F50 scanning electron microscope. The Ge NWs
were deposited on lacey carbon copper grids by dry transfer using
shear force for TEM characterization (Plano). In this study, a FEI
TECNAI F20 operated at 200 kV and equipped with high angle
annular dark field (HAADF) STEM and EDX detectors was used. The
limited accuracy of the EDX analysis can lead to a potential deviation
by ±0.5 at. % of the values stated here. The elemental maps were
recorded and quantified using the AMETEK TEAM package. The
images were recorded and treated using Digital Micrograph software.
LA-ICP-MS measurements were performed using a commercially
available laser ablation system (New Wave 213, ESI, Fremont, CA,
USA) with a frequency-quintupled 213 nm Nd:YAG laser in
combination with a quadrupole ICP-MS instrumentation (Thermo
iCAP Qc, ThermoFisher Scientific, Bremen, Germany). For
quantification, 69Ga was compared with the 76Ge signal while standards
of metal ratios between 1:99 and 5:95 Ga/Ge were prepared using the
metal halogenides dissolved in aqueous potassium hydroxide.
Electrical Characterization. The vapor-grown Ge NWs were

deposited by dry transfer onto a highly p-doped Si substrate with a 100
nm thick, thermally grown SiO2 layer and predefined macroscopic Ti−
Au bonding pads. Individual NWs were contacted with 150 nm thick
Al pads by electron beam lithography, Al sputter deposition preceded
by a HI dip (5 s using 14 % HI to remove any germanium oxide), and
lift-off techniques.
The electrical measurements at room-temperature and ambient

conditions were performed using a combination of a semiconductor
analyzer (HP 4156B) and a probe station. To minimize the influence
of ambient light as well as electromagnetic fields, the probe station was
placed in a dark box.
Low-temperature measurements (4−300 K) were performed in

vacuum at a pressure of approximately 2.5 × 10−5 mbar using a 4He
cryostat (Cryo Industries CRC-102) and a semiconductor analyzer
(Keysight B1500A). Temperature-dependent resistance measurements
in the range 0.269−4 K were performed in a 3He cryostat employing a
sourcemeter (Keithley, 2600) in two-probe configuration at a fixed
current of 1 μA. Magnetic field dependent measurements were done
using a NbTi superconducting solenoid.
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ABSTRACT: Ge1−xSnx nanorods (NRs) with a nominal Sn
content of 28% have been prepared by a modified microwave-
based approach at very low temperature (140 °C) with Sn as
growth promoter. The observation of a Sn-enriched region at
the nucleation site of NRs and the presence of the low-
temperature α-Sn phase even at elevated temperatures support a
template-assisted formation mechanism. The behavior of two
distinct Ge1−xSnx compositions with a high Sn content of 17%
and 28% upon thermal treatment has been studied and reveals
segregation events occurring at elevated temperatures, but also
demonstrates the temperature window of thermal stability. In
situ transmission electron microscopy investigations revealed a
diffusion of metallic Sn clusters through the Ge1−xSnx NRs at
temperatures where the material composition changes drastically. These results are important for the explanation of distinct
composition changes in Ge1−xSnx and the observation of solid diffusion combined with dissolution and redeposition of Ge1−ySny
(x > y) exhibiting a reduced Sn content. Absence of metallic Sn results in increased temperature stability by ∼70 °C for
Ge0.72Sn0.28 NRs and ∼60 °C for Ge0.83Sn0.17 nanowires (NWs). In addition, a composition-dependent direct bandgap of the
Ge1−xSnx NRs and NWs with different composition is illustrated using Tauc plots.

■ INTRODUCTION

Group IV semiconductor nanowires are potential building
blocks for different fields of application including electronic and
optoelectronic devices.1 However, the performance of Si- and
Ge-based materials in optics and photonics is limited by their
indirect bandgap. Theoretical and experimental reports describe
a modification of the Ge band structure to make direct gap
emission more favorable by using tensile or uniaxial strain.2−4

Alternatively, the light emission and absorption characteristics
of Ge change dramatically, when a threshold concentration
exceeds ∼8−10% Sn in Ge1−xSnx rendering it in a direct
bandgap material which was experimentally observed5,6 and
also calculated.7,8 Ge1−xSnx is compatible with CMOS
processing based on Si technology and therefore an ideal
candidate for infrared optoelectronics and optical devices, such
as infrared lasers,5,9−11 photodetectors,12,13 or light-emitting
diodes.14−16 In addition, the electronic properties are also
altered upon Sn incorporation in the Ge matrix which should
result in an enhanced electron and hole mobility making
Ge1−xSnx interesting for high-speed electronics.17−21 An
incorporation of Sn in the Ge lattice in a bottom-up synthesis
should be carried out under kinetic control, because the binary

phase diagram reveals the low equilibrium solubility of Sn in Ge
(<1%).22 Aside from thin-film growth studies and postgrowth
etching to prepare desired morphologies,23 reports on Ge1−xSnx
nanostructures are emerging.24−28 Morphological control has
been achieved creating core−shell Ge/Ge1−xSnx

29 using Ge
NWs as templates and non-template-based metal-seed-
supported growth of Ge1−xSnx nanowires via gas-phase30,31

and solution-based synthesis.32,33 To date, the compositions
vary in these reports on the growth of anisotropic Ge1−xSnx
nanostructures with the highest values being in the range 9−
13% Sn.29,30,33 Moreover, a transition to a semimetallic
behavior with interesting applications can be expected when
the Sn content is increased above 41%.34 Data confirming such
high Sn concentrations in Ge1−xSnx with high crystallinity have
only been rarely described in the literature with limited
information about their actual homogeneity with maximum Sn
contents of ∼30%.25−27,35−37 The thermal stability of thin films
with different composition is reported, but these reports do not
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usually cover higher tin contents >15%; the heat treatment is
limited to a short time, e.g., by rapid thermal annealing, and the
films are usually highly strained.38−40

This paper provides insight in the formation mechanism of
anisotropic Ge1−xSnx structures at temperatures as low as 140
°C leading to a Sn content of 28%, while the formation of α-Sn
and its impact on the nucleation in this low-temperature
process is elaborated. Two distinct compositions have been
reliably synthesized with two different temperature profiles and
pretreatment processes leading to Sn contents of ∼17% and
∼28% and without additional nucleation of branches or
substructures. Thermal stabilities of these two alloy composi-
tions are determined by variable-temperature X-ray diffraction
(XRD) and subsequent microscopy studies. Our study reveals
the strong influence of metallic Sn on the thermal stability of
the Ge1−xSnx materials. Infrared (IR) absorption was used to
characterize the materials’ properties and clearly shows the
strong impact of direct bandgaps in the absorption spectra for
both compositions.

■ EXPERIMENTAL SECTION
Chemicals. Butyl lithium, hexamethyldisilazane, SnCl2, 1,1,3,3-

tetramethyldisilioxane, and GeCl4 were purchased from Sigma-Aldrich.
All solvents were dried using standard procedures and stored over
molecular sieve. All manipulations and syntheses have been conducted
using Schlenk techniques or using an argon-filled glovebox. LiN(Si-
(CH3)3)2 was prepared in hexane and purified by sublimation under
reduced pressure. The GeCl2·dioxane complex was prepared according
to a published procedure.41 The syntheses of Sn(N(Si(CH3)3)2)2 and
Ge(N(Si(CH3)3)2)2 were prepared by a modified procedure published
by Lappert et al. using a salt metathesis reaction.42

Dodecylamine (98%, Sigma-Aldrich) was kept for 2 h at 40 °C
under dynamic vacuum and was distilled three times under reduced
pressure. In the first distillation step high-molecular byproducts were
separated. For the second and third distillation 0.5−1 mL of
Sn(N(Si(CH3)3)2)2 was added to 200 mL of dodecylamine to
separate all undesired chemicals as high-molecular residue which
would react with Sn(N(Si(CH3)3)2)2 and Ge(N(Si(CH3)3)2)2 in the
following material synthesis.
n-Octylamine was purified analogous to dodecylamine without

reducing the pressure during distillation because of the low boiling
point. Squalane (98%, TCI) was distilled two times under reduced
pressure.
Nanostructure Preparation. Ge NRs/NWs were grown in 10

mL glass cells (Anton Paar GmbH) at temperatures between 120 and
230 °C. The handling of the chemicals as well as the filling of the
reaction vessels were carried out in a glovebox under stringent
precautions against water.
In a typical experiment, 2 mL of dodecylamine was transferred in a

glass cell for microwave synthesis. Dodecylamine was kept very close
to the melting point. First, Sn(N(Si(CH3)3)2)2 and subsequently
Ge(N(Si(CH3)3)2)2 were added to dodecylamine, and the glass cell
was sealed with a Teflon-coated silicone cap. Independent of the ratio
of Sn(N(Si(CH3)3)2)2 and Ge(N(Si(CH3)3)2)2, all samples prepared
in this study have the same total concentration of 38 mM precursor to
make a comparison possible. The vial was then transferred to the
microwave reactor (Monowave 300; Anton Paar GmbH; frequency,
2.46 GHz) with an IR temperature control unit within 3 min. The
precursor solution underwent a temperature program and was cooled
down by a gas stream afterward. The synthesized structures were
collected by adding toluene (3 mL) and subsequent centrifugation.
The collected solid material was redispersed in toluene and centrifuged
again to remove the dodecylamine. This step was repeated with
ethanol another three times, and with toluene a further three times.
The product was stored under ambient conditions in toluene.
Further information about the pretreatment of the precursor

mixture for the synthesis of Ge1−xSnx NWs with 17% Sn is given in our

previous paper.33 For the synthesis of Ge1−xSnx NRs with higher Sn
content the following temperature programs were chosen: pretreat-
ment 1 (PT1), (i) heat as fast as possible to 110 °C, (ii) cool down to
60 °C, (iii) hold for 10 min, (iv) heat as fast as possible to 140−160
°C, (v) hold temperature for 0−10 min, (vi) cool down to 55 °C;
pretreatment 2 (PT2), (i) heat as fast as possible to 60 °C, (ii) hold
temperature for 40 min, (iii) heat as fast as possible to 140−160 °C,
(v) hold temperature for 0−10 min, (vi) cool down to 55 °C.

Nanostructure Characterization. The Ge1−xSnx NRs and NWs
were analyzed using an FEI Inspect F50 scanning electron microscope
(SEM). The Ge1−xSnx NRs/NWs were deposited on lacey carbon
copper grids (Plano) for transmission electron microscope (TEM)
characterization. In this study, an FEI TECNAI F20 operated at 200
kV and equipped with a high-angle annular dark field (HAADF)
STEM and EDX detector was used. The elemental maps were
recorded using the EDAX TEAM package, and the quantification was
calculated using the Ge(K) and Sn(L) signals. For the values included
in the manuscript, inherent limits in accuracy related to EDX have to
be considered (±0.5%). The images were recorded and treated using
Digital Micrograph software. In situ heating experiments in the TEM
were performed using a Gatan heating holder 652.

The X-ray diffraction (XRD) patterns were recorded on a
PANalytical X-Pert PRO PW 3050/60 instrument in Bragg−Brentano
geometry and Cu Kα radiation. High-temperature XRD (HTXRD)
measurements were carried out on a PANalytical MPD Pro in grazing
incidence mode with an incidence angle of 4° and Cu Kα radiation
under hydrogen atmosphere. X-pert Highscore software was used for
analysis of the measured data.

Transmission measurements were performed using the PerkinElmer
Frontier FT-IR spectrometer in mid-IR mode. The spectra were
acquired from 220 to 8000 cm−1, with a 4 cm−1 resolution, using 64
scans. A reference spectrum of the substrate was also acquired under
the same conditions, thus allowing a determination of the NR and NW
sample transmittance by rationing their spectrum against the one from
the substrate. Then, the absorbance α (absorption coefficient times the
thickness) was evaluated just by applying the logarithm (i.e., −ln(T),
where T is the transmittance). For the determination of the bandgap
energy, we have employed the Tauc-plot method considering a direct
bandgap of a material, which consists of a representation of (αhν)2

versus hν, with hν being the energy of the incident photons; the
intersection of the linear trend at high energies with the abscissa axis
will provide the bandgap energy of the analyzed material.

■ RESULTS AND DISCUSSION

Low-Temperature Growth Regime. The microwave
synthesis in dodecylamine has been previously described for
synthesis temperatures of 230 °C.33 A modified procedure has
been developed to allow a controlled nucleation and growth of
Ge1−xSnx nanostructures at temperatures as low as 140 °C
requiring a certain pretreatment before the growth is initiated.
Two pretreatment procedures (PT1, 10 min; PT2, 40 min)
have been successfully applied and result in a material with
identical morphology and composition (Figure S1). These
investigations also allow us to identify different intermediate
structures in the evolution of NRs and NWs.
The structural evolution at these low temperatures includes

the formation of globular particles, which convert into
teardrops, heterodimeric structures, and finally nanorods as
shown in Figure 1a−d. Associated with the morphological
changes, specific phases can be observed as shown in Figure 1e.
The XRD patterns show α-Sn, β-Sn, and Ge reflections with a
specific shift toward lower angles as expected for the formation
of Ge1−xSnx. The first crystalline phase that can be observed is
β-Sn with a typical globular shape in the SEM image (Figure
1a), which is often observed for low-melting metallic particles.
This phase is present in all XRD patterns in Figure 1. The
second diffractogram contains the typical low-temperature,
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cubic α-Sn phase represented by the appearance of teardrop
structures in addition to some remaining globular particles
(Figure 1b). The α-Sn phase can be stabilized at higher
temperatures (>13 °C) by the incorporation of Ge43 or
template effects on lattice-matched substrates,44,45 both of
which could be responsible for the appearance of α-Sn. The
data observed here do not allow a definite assignment to either
of the aforementioned triggers/processes for the phase
transition from β- to α-Sn, but the incorporation of Ge is
described vide inf ra suggesting that the actual Ge content is
responsible for the stabilization of this phase. Similarly, α-Sn
has been also observed with other metal incorporation, such as
Li.46

After 1.5 min, the first reflections associated with Ge1−xSnx
are evident, which are more prominent after prolonged
decomposition because of the extension of the Ge1−xSnx

segment in the nanorods as can be expected from the SEM
images (Figure 1c,d). The shift in the Ge reflections can be
correlated to the concentration of Sn using the lattice constant
of the cubic phase of tin (α-Sn, 6.489 Å, JCPDS 00-005-0390),
which is isostructural to cubic Ge (5.658 Å), according to
Vegard’s law. This calculated value is quite accurate for
structures where no strain from a substrate has to be taken into
account;25−27,30 however, for highly accurate determination of
the composition of surface-bound epitaxial layers, a small
deviation is corrected by the bowing parameter which is highly
dependent on the literature reports.47−49 In an earlier report,
we quantified the Sn concentration via EDX using the Sn(K)
line, which leads to an underestimation of the actual Sn content
in Ge1−xSnx NWs.33 In addition, the large variation of the
related Raman shift in the literature on thin epitaxial films can
be misleading.50−53

TEM images of NRs clearly show a quasi-hemispherical
segment and the NR body with different diffraction contrast
(Figure 2a). Focusing on the NR body by high-resolution
(HR)TEM reveals the high crystallinity, which is also illustrated
in the sharp fast Fourier transformation (FFT) pattern of
Figure 2a. The local Sn concentration in the Ge1−xSnx NRs has
been evaluated using scanning transmission electron micros-
copy (STEM) energy dispersive X-ray spectroscopy (EDX)
mapping using the Sn(L) and the Ge(K) line for quantification.
The elemental mapping reveals the homogeneous distribution
of Sn in the Ge matrix without any sign of clustering in the NR
body (Figure 2b).
The Ge1−xSnx NRs grown at 140 °C show two distinct sites

of Sn enrichment located at both extremes on the NRs. The
bigger globular part is located at the growth front of the NRs as
described before for NWs grown at 230 °C, while a small
section of Sn enrichment is located at the nucleation site. This
is a general phenomenon for these NRs derived at 140 °C as
illustrated in additional STEM-EDX mappings of NRs in the
Supporting Information (Figure S2). A transition zone of
slightly higher Sn content (∼32%; 100−150 nm transition
zone) can be found between this Sn-rich area and the constant
Ge0.72Sn0.28 composition within the NR body. An overview of
EDX point measurements is shown in Figure 2c. The Sn-rich
zone at the nucleation site can be associated with a remaining
α-Sn segment acting as a template for the Ge1−xSnx phase
formation. The Sn concentration determined by EDX in the
NR body of 27.9 ± 0.9% (content according to XRD, 27.5%;
abbreviated hereafter as Ge0.72Sn0.28), which is roughly 15% Sn
higher than previously reported values of ∼12−13% Sn in
core−shell NWs29 and 9% Sn in NWs of constant diameter.30

At slightly higher growth temperatures of 160 °C, the
aforementioned Sn-rich particle at the nucleation site can
completely phase separate and act as a second growth seed for a
thinner NR as shown in Figure 3. This thinner NR has a
diameter of ∼50 nm and the same composition as the thicker
nanorod (Ø = 210 nm) with 26.5% Sn, while the initial
nucleation area shows a higher Sn percentage (32%). This
comparison illustrates a diameter-independent composition for
NR diameters of 50−250 nm at these low temperatures and
rather epitaxial growth on an initial seed with partial relaxation
and formation of the most stable composition at the given
growth conditions.
Without the pretreatment, the nanostructures tend to form

NRs with secondary, “parasitic” structures protruding from the
initial nucleation site, and uncontrolled nucleation of
undefined, branched structures as illustrated in Figure S3 are

Figure 1. SEM images showing products obtained using PT1 and
thermal decomposition at 140 °C for (a) 0, (b) 1, (c) 1.5, and (d) 2
min. The XRD patterns in part e correspond to the material shown in
parts a−d. The vertical gray line corresponds to the Ge (111)
reflection of the reference, serving as visual guide, and allows clear
observation of the large shift in the reflection for Ge1−xSnx.
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observed. In a separate set of experiments, the dodecylamine
was substituted by n-octylamine, and the growth was repeated
under identical conditions with the same pretreatment at
temperatures of 130−160 °C. The elongated structures contain
an even higher Sn content in the NR body (32.1 ± 0.5% Sn
according to EDX, Figure S4) and could be interesting for
applications taking advantage of semimetallic properties;54

however, the structures tend to form secondary nucleation
centers at the surface leading to uncontrolled branching
(especially at early stages of the Ge1−xSnx crystal formation
with a nominal Sn content of 35.6%), which can be related to
different decomposition rates of the formed metallorganic
intermediates and correlated changes in the nuclei formation
and growth kinetics. The formation of the secondary nucleation
sites can be most likely attributed to thermal instability of the
Ge1−xSnx composition as described vide inf ra.
According to the results observed here, a growth mechanism

for these NRs growing at 140 °C is proposed (Figure 4a). The
pretreated precursor mixture contains homometallic Sn species
leading to the formation of β-Sn particles as a first step. The β-
Sn particles contain ≤0.4% Ge averaged over the whole particle
according to STEM-EDX analysis. Figure S5a shows the Ge
predominantly accumulated at the Sn surface, while the
majority of Ge can be expected to be distributed within the
β-Sn particle at elevated temperatures and separation that
occurs upon cooling. These globular β-Sn particles are
converted to teardrop shaped α-Sn by additional gradual
incorporation of Ge that stabilizes this cubic Sn phase.43 The α-
Sn phase is expected to form via solid diffusion requiring a
critical Ge concentration (∼0.7−1.0% according to EDX
analyses of several particles similar to the one shown in Figure
S5b). A critical parameter at this stage is the initially slow rate
of Ge precursor decomposition leading to a gradual increase in
Ge content. While the Ge concentration must be high enough
for the conversion to α-Sn, the local concentration should also
be low enough to avoid an initial nucleation of a Ge1−xSnx
particle. A complete or a partial conversion to the α-Sn particles

Figure 2. (a) TEM and HRTEM image of Ge1−xSnx NRs grown at 140
°C including the corresponding FFT image as an inset. The STEM-
EDX mapping in part b shows a homogeneous Sn distribution and an
accumulation of Sn at both extremes. The previously33 not observed
accumulation at the initial nucleation site is magnified, and the
mapping in higher resolution clearly shows a region with high Sn

Figure 2. continued

content. An overview of point EDX measurements in part c shows the
transition from a slightly higher concentration of ∼32% to 27.9 ± 0.9%
segment (point 5−12) after ∼150 nm from the Sn-enriched nucleation
site of the NR displayed in part b.

Figure 3. Decomposition of the precursor mixture at 160 °C using
pretreatment PT1 leads to a secondary growth of a second NR from
the initially formed Sn-rich segment described in Figure 2. (a) TEM
and (b) STEM-EDX images show the obtained structures.
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can be expected under growth conditions with the possibility of
coexisting Sn phases. Unfortunately this growth stage could not
be fully investigated because of potential material modification
during the cooling of the material in the microwave process and
no possibility of rapid quenching with the used equipment.
However, the presence of an α-Sn phase is important for the
formation of NRs with such a high Sn content as discussed
below.
Increased thermal input accelerates the decomposition

kinetics of the precursor species, and thus no α-Sn can be
formed because of a quick oversaturation of the Sn particle and
the subsequent nucleation of a Ge1−xSnx crystal (similar to a
nucleus observed in Figure S5c formed at 180 °C). In addition,
increased growth temperatures reduce the probability of an α-
Sn phase formation. This indicates already that the exclusive
nucleation/formation of the Ge1−xSnx segment with highest Sn
content relies on a specific Ge supersaturation and the
probability of an α-Sn phase forming at the given experimental
conditions.
Further reaction at the growth temperature of 140 °C leads

to the observation of a typical quasi-hemispherical β-Sn part in
Ge1−xSnx/Sn heterodimers. These structures can be formed by
a destabilization through an ongoing supersaturation of a fully
developed α-Sn teardrop with formation of an associated
Ge1−xSnx nucleus and a subsequent collapse of the crystal
structure by diffusion processes. Another possibility that should
not be neglected would be the nucleation of Ge1−xSnx in a
possible Sn phase mixture with the α-Sn acting as template.
Subsequent growth of the Ge1−xSnx segment proceeds through
decomposition of more Ge-rich precursor species after the
initial nucleus formation and appears to be a quick process
according to Figure 1. The growth of the highly crystalline
metastable Ge1−xSnx with this extremely high Sn content
should be facilitated at low temperature because of reduced Sn
incorporation at increasing temperatures.55 The α-Sn phase can
act as a template for epitaxial growth of highly Sn-rich Ge1−xSnx
(mismatch to cubic Ge of ∼ 15% for pure α-Sn) facilitating
crystal growth of the thermodynamically unfavorable compo-
sition. Indication of a formation of Ge1−xSnx without any tensile
strain and the most favorable constant composition at a given
parameter set are observed ∼100−150 nm from the nucleation
seed where a constant composition is observed along the NRs.
Figure S5d−f in the Supporting Information illustrates different
stages of the NR evolution from the formed heterodimers with
two distinct Sn areas present in all the different stages after the
Ge1−xSnx segregation.
We do not consider the generally accepted solute trapping at

step edges during the nanowire growth to be the major driving
force for the formation of Ge1−xSnx at these low temperatures
as suggested for other metastable compositions in NWs.56,57 A
slightly modified process should be at play because the step-
edge-based growth typically also suggests that the nanowire
growth can proceed with the successive addition of bilayers
through a step flow process58 and oscillating supersaturation
during the layer formation.59 The Ge1−xSnx NRs and NWs
grown in these microwave processes usually do not show a
sharp interface with a specific atomic plane terminating the
semiconductor segment at the interface to the metal particle,
and thus the model might not be fully applicable.
These suggestions on the growth mechanism are based on

the morphologies and phases observed after the cool-down
procedure and without information on processes occurring in
situ during the growth. Thus, the information about the initial

Figure 4. (a) Schematic representation of the low-temperature
nucleation of Ge1−xSnx NRs at 140 °C. The corresponding SEM
images are displayed in Figure 1a−d, and STEM-EDX images in
Figure S5 support this suggestion. (b) Schematic representation of the
Sn-rich side of a phase map and the assumption of a peritectoidic
transformation and the existence of α-Sn at temperatures below 180
°C. (c) The phase map shows a suggested miscibility gap between the
α-Sn phase and an α-Ge phase with parameter-dependent composition
variation (Ge1−xSnx) for two solvents/ligands.
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stage before the Ge1−xSnx/Sn heterodimer formation is not
entirely clear and might require more experiments with
modified setups allowing either in situ monitoring or rapid
quenching.
The described growth regime differs from the 230 °C

samples, because these 230 °C derived NWs do not show
additional secondary growth at the nucleation site nor a
remaining Sn particle.32 Moreover, the different pretreatment
leads to a change in the ratio of the precursor species in the
mixture.32 Long-term treatment for the growth at 230 °C does
not lead to nucleation in the heating step similar to the here-
described scenario for the 140 °C nucleation. The structure
formation for the 230 °C growth exclusively takes place at the
higher-temperature regime which can be illustrated by different
growth stages/lengths of these NWs. The structures are only
observed after the high-temperature growth cycle, and thus the
formation at lower temperatures in these specific sets of
experiments can be excluded.
Observations described above for the growth of Ge0.72Sn0.28

at 140 °C do not correlate with the conventional Ge/Sn phase
diagram (Figure S6). A traditional binary phase diagram is
obtained under thermodynamic equilibrium conditions. There-
fore, such diagrams are not suitable to explain a kinetically
driven formation of metastable phases, such as Ge1−xSnx with
high Sn contents, which differ significantly from the equilibrium
composition. However, we coin a term for such a descriptive or
schematic representation as a “phase map” that includes some
kinetic effects/phase compositions. For a phase map as
presented and suggested herein, we have to consider phases
and compositions formed under a specific parameter set. In this
specific case, the formation of Ge1−xSnx with a metastable
composition as well as the either metastable, or simply not
under regular conditions, observable α-Sn phase should be
discussed.
According to the phase evolution encountered here for Sn

depending on the Ge content, a representation of the Sn-rich
side of the phase map should include a peritectoidic reaction
(α-Sn ↔ α-Ge + β-Sn; a solid−solid reaction below 180 °C;
Figure 4b). However, the formation of this α-Sn phase relies on
the incorporation of Ge atoms in the initial β-Sn lattice without
segregation or Ge nucleus formation. This incorporation in the
solid phase can be supported by the high mobility of surface
atoms of low-melting metals such as Sn and has a stabilizing
effect on the crystal phase. One can anticipate this peritectoidic
α-Sn phase being a thermodynamically stable phase that is
simply not being observed in the conventional heating and
cooling experiments that are used for conceiving a phase
diagram because of the very slow reaction rates of two solid
phases being β-Sn and α-Ge. Providing the Ge in atomic form
speeds up this process, and we can observe the phase in this
study. In addition, energetic considerations suggest that there is
only a small energy difference between the two Sn phases at the
growth temperature of 140 °C.60 Higher Ge contents will not
be incorporated in α-Sn, and α-Ge will nucleate. More reliable
statements on α-Sn being thermodynamically stable or simply
being a metastable phase would require more elaborate
calculations, which also consider the high energy gain upon
α-Ge crystal formation.
The existence of a miscibility gap between the two

isostructural α-Sn and α-Ge phases showing no solid solubility
over the full range of compositions could be related to early
predictions by Hume-Rothery.61 Stability issues can be related
to the size differences of Sn and Ge, which are in this case

∼15% representing a threshold value between the existence of
solid solutions over a wide composition range and the
occurrence of a large miscibility gap associated with low
solubility <1% as observed in the Ge/Sn phase diagram.61 A
threshold for maximum Sn composition of the stable Ge1−xSnx
alloy should be dependent on growth kinetics and growth
temperature as schematically illustrated on the Ge-rich side in
the phase map in Figure 4c. Our phase map suggests the
formation of the α-Sn phase with a miscibility gap toward an α-
Ge phase, representing the metastable Ge1−xSnx solid solution
with compositions associated with growth kinetics and growth
temperature. The purple, blue, and dashed lines represent the
maximum Ge1−xSnx composition obtained for three specific
parameter sets. Since growth kinetics are very important during
the Ge1−xSnx crystal growth, e.g., with a solute-trapping model
in the case of nanowire growth, a higher or lower growth rate
could result in a material with higher or lower Sn content. At
the same time, a temperature-dependent factor has to be
considered for the phase map with a known tendency of
diminishing Sn incorporation in Ge1−xSnx with increasing
temperature.55 The isothermal line at 140 °C in Figure 4c
traverses the schematic purple and blue transition lines of
maximum Sn content in the Ge1−xSnx alloy. These crossing
points represent the composition in the Ge0.72Sn0.28 NR and
Ge0.68Sn0.32 NWs for the same set of parameters (pretreatment
and temperature profile) but different solvent and ligands of the
precursors as described vide supra.

Thermal Stability of Ge1−xSnx NRs and NWs. For an
investigation into the stability of anisotropic Ge1−xSnx
structures with very high Sn content (17% and 28% as starting
compounds), variable high-temperature (HT) XRD experi-
ments in the temperature range 120−500 °C have been
performed. To the best of our knowledge there is no report
available on the thermal stability of Ge1−xSnx material, which is
also in contact with a metallic phase.
In a first set of experiments, Ge0.83Sn0.17 NWs have been

prepared as described before,33 and a thin film of the NWs has
been heated while recording the XRD patterns. The temper-
ature is increased in 10 °C steps and kept at the temperature for
10 min before the measurement is started, which takes 20 min.
Therefore, changes over time can have an uncertainty of ∼10
°C if the effects are only observed after an initial delay. The β-
Sn reflections can be considered as an internal standard until
this phase melts at ~230 °C. The shifted Ge reflections due to
the enlarged unit cell upon the incorporation of Sn have to be
considered for the stability tests since the shift is directly related
to the composition by Vegard’s law. Figure 5 shows no changes
in the position of the reflections up to temperatures of 190 °C.
At 200 °C the reflection broadens toward higher angles, and a
new composition with lower Sn content is observed (∼6% Sn).
With a further increase of temperature, a continuous decrease
of Sn content is observed, and at 500 °C only 3.5% Sn is left in
the structure. The Ge0.83Sn0.17 with Sn growth seed attached is
stable for at least 6 h at 160 °C without any noticeable changes
in the XRD patterns (Figure S7), while at 180 °C the
compound shows a noticeable onset of decomposition after 1 h
with Sn segregation and a shift in the reflection maxima to the
aforementioned ∼6% Sn composition (Figure S8).
The Ge0.72Sn0.28 NRs with attached Sn growth seeds have

been investigated as described before in the temperature range
120−500 °C (Figure 6a). No changes in the XRD patterns are
observed up to 150 °C. A shoulder of the Ge (111) reflection
evolves toward higher 2θ angles at 160 °C, and the signal
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clearly splits at 170 °C into two reflections with a new
composition of Ge0.90Sn0.10 and the original Ge0.72Sn0.28
composition. At temperatures of 180−190 °C a shoulder
representing the higher tin concentration is still present with
diminishing intensity while only one reflection representing
∼6% Sn remains at 210 °C. This composition is very close to
the value observed for the Ge0.83Sn0.17 NW starting material
containing ∼6% at the same temperature. An identical value of
3.5% Sn is observed for both starting compounds after
temperature treatment at 500 °C for 30 min and prior ramping
as described for all variable-temperature experiments. The 3D
representation of the significant temperature window is
illustrated in Figure 6b and shows in addition to the shift of
the Ge1−xSnx (111) reflection an increase in the β-Sn content,
which can be expected upon thermally induced spinoidal
decomposition of crystalline Ge1−xSnx in a material Ge1−ySny
with lower Sn content (x > y) and the segregation of Sn. Since
these relevant conversion temperatures are below the melting
point of Sn, a solid diffusion can be expected.
The onset of thermal decomposition is represented by the

appearance of a shoulder of the Ge (111) reflection toward
higher angles starting at temperatures of 160 °C in Figure 6.
However, the as-prepared Ge0.72Sn0.28 composition decomposes
slowly at a static temperature of 140° (Figure 6c, and Figure
S9) held for 6 h. The onset of the decomposition requires time,
and since the temperature is only held for 30 min at each
temperature in the variable-temperature study in Figure 6a, this
effect is only observed at higher temperatures. An unchanged
composition and thus associated stability of Ge0.72Sn0.28 with Sn
seeds attached is observed at 120° for 6 h as illustrated in
Figure 6c, and Figure S10. The changes in the XRD pattern
associated with a material conversion to Ge1−xSnx with lower
Sn content in the isothermal heating experiments shows an
exponential decay of the Ge0.72Sn0.28 starting compound after
an initial incubation period. An example of this behavior is
shown in Figure S11 for a 6 h heating cycle of as-grown
Ge0.72Sn0.28 NRs at 150 °C.
We assign the peak splitting to the destabilization of the

Ge0.72Sn0.28 and related gain of lattice energy by the formation
of a more thermodynamically favorable composition, which
requires additional energy for the conversion by diffusing

species. Hence the decomposition and rearrangement of the Ge
lattice should occur at lower temperatures in the Ge0.72Sn0.28
sample because approximately every fourth atom in the cubic
lattice is a Sn atom. After the splitting of the signal and
temperatures above 160 °C the subsequent segregation of Sn is

Figure 5. Variable-temperature XRD showing the phase and evolution
of the position of reflections in the temperature range 25−230 °C for
Ge0.83Sn0.17 NWs with Sn growth seed.

Figure 6. (a) Variable-temperature XRD showing the phase evolution
in the temperature range 25−230 °C and the XRD pattern for the 500
°C treated sample cooled down to 25 °C starting with Ge0.72Sn0.28 NRs
containing the Sn growth seeds. (b) 3D representation of the most
interesting region for the phase evolution. (c) XRD patterns showing
the static temperature treatment at 120 °C (blue) and 140 °C (brown)
for Ge0.72Sn0.28 NRs as starting compound.
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a gradual effect. Theory predicts that the number of defects
with Sn in octahedral configuration increases with growth
temperature, and therefore the alloy should be less stable
because of Sn in 6-fold coordination, thus contributing to Sn
segregation.62 However, extended X-ray absorption fine
structure investigations on Ge1−xSnx with xmax = 13% illustrate
that Sn preferentially resides on substitutional sites, and no
indices of this 6-fold coordination are observed.49 In addition,
the low synthesis temperature and the well-matched values for
XRD and EDX results presented here should account for
mainly substitutional incorporation of Sn in the cubic lattice
also for the high Sn content. Future studies will be focused on
evaluating the nature of Sn coordination in the Ge1−xSnx NRs
and NWs. It should be noted that the α-Sn phase prevails up to
220 °C, and the reflections merely show a decrease of intensity
above 180 °C before finally melting at 230 °C. The total α-Sn
content is a combination of α-Sn teardrop particles as well as
the small particle in the NRs at the nucleation site. High
temperature stability of the α-Sn phase is also observed for
epitaxial layers63 (up to 130 °C) and for α-Sn confined in
nanotubes with melting temperatures up to 700 °C,64 which is
∼470 °C above the melting temperature of β-Sn.
The segregation of Sn from the Ge1−xSnx NRs and NWs

upon temperature treatment should result in morphological
changes. All samples heated to high temperatures of 500 °C
clearly show the formation of additional Sn particles on
individual structures or a network connected by liquefied drops
on locations of initially high density of NRs or NWs (Figures
S12a,b and S13a,b). Even more interesting is the fate of
segregated Sn related to obvious changes in the Ge1−xSnx
composition below the melting temperature of Sn at 232 °C.
According to the XRD data, the volume fraction of β-Sn
increases, and therefore we conclude that new evolving particles
should be β-Sn. Changes cannot be explained by the bulk
investigations, and therefore in situ experiments have been
performed to image a potential diffusion process.
In situ imaging in the TEM during heating cycles up to

nominal 220 °C with a temperature-controllable grid holder
have been carried out. Videos show several processes during the
heat treatment with clear similarities between processes
observed in two Ge0.72Sn0.28 NRs. Video S1 is also used in
Figure 7, while another NR is imaged in Video S2 and Video S3
in the Supporting Information. In a first step during heat
treatment, the hemispherical Sn seed grows slightly, and the
initial interface between the terminating Sn particle and the
initial Ge0.72Sn28 segment changes on the left in Figure 7b. A
mass diffusion can be observed by migrating species with a
different diffraction contrast toward the initial nucleation side
(Figure 7c). As soon as this diffusing species reaches the initial
nucleation site with the α-Sn nucleus, a sudden but permanent
change in diffraction contrast takes place. However, the bulk/
subsurface diffusion continues, and further locations with
varying diffraction contrast appear along the NR with some
mobility. During the diffusion, the Sn volume and thus the
diffusing mass with different diffraction contrast increases
because of a collection of Sn from the phase segregation
(Figure 7e,f). The diffusion appears to be within the structural
boundaries, and the general shape before and after the
temperature treatment remains the same. In addition, the
conversion of Ge1−xSnx to material with lower Sn content could
be related to an epitaxial growth of Ge1−ySny (y < x) by
redeposition from the migrating β-Sn segment (with increasing
volume fraction observed in the XRD studies vide supra).

Moreover, the onset of the diffusion process seems to originate
exclusively at the bigger Sn particle, which points toward the
importance of the initial Sn/Ge1−xSnx interface for this low-
temperature structural/compositional conversion process being
initiated.
It is noteworthy that all these processes take place below the

melting point of Sn (232 °C). Ge0.72Sn28 NRs treated in the
TEM at 220 °C for ∼10 min and prior diffusion at 200 °C
show preferential Sn enrichment at the two extremes (Figure 7
g,h), while treatment for 20 min at 180 °C in squalane shows
more large patches of Sn-enriched regions between the
extremes (Figure 7i). The NRs do not show distinct
morphological changes in the SEM images before and after
the temperature treatment (Figure S11c,d). TEM images of
these NRs also show predominantly two darker segments at the
extremes due to a different diffraction contrast, which have not
been observed in the as-grown samples. More examples for the
formation of phase-separated Sn patches are shown in Figure
S11e−g, but fewer of the obvious Sn regions between the two
extremes are observed in STEM-EDX images when the samples
have been treated at higher temperatures. The reason for shape

Figure 7. (a−f) TEM images obtained under temperature treatment
using Ge0.72Sn0.28 NRs showing different steps in the phase segregation
process which is imaged at a nominal temperature of 200 °C of the
holder and TEM grid. STEM-EDX images after temperature treatment
for 10 min at 220 °C (g, h) in the TEM and (i) for a sample heated to
180 °C in squalane for ∼20 min.

Chemistry of Materials Article

DOI: 10.1021/acs.chemmater.7b03969
Chem. Mater. 2017, 29, 9802−9813

9809

http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_001.pdf
http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_001.pdf
http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_002.avi
http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_003.avi
http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_004.avi
http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_001.pdf
http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_001.pdf
http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.7b03969/suppl_file/cm7b03969_si_001.pdf
http://dx.doi.org/10.1021/acs.chemmater.7b03969


retention could be either the surface termination with amino
functionalities, a slight surface oxidation layer, or simply and
most likely the bulk conversion/diffusion at these temperatures
below the melting point of the elements involved. STEM-EDX
images help to identify the segment composition. The Ge1−xSnx
segment is not as defined anymore, suggesting also Ge diffusion
and rearrangement processes (Figure 7g−i). The aforemen-
tioned mass transport is most likely initiated by a solution/
redeposition process involving the diffusing β-Sn precipitate.
The redeposited material contains less Sn in the Ge host
structure; therefore, the process is driving toward the
thermodynamically favored Ge-rich lattice, and a gain in lattice
energy during the process can be expected. The redeposition/
recrystallization of Ge1−ySny (x > y) is made evident and most
obvious by comparing the Ge mapping after the temperature
treatment with the initial distribution (Figure S12e−h). A
striking difference is visible at the initial nucleation site, where
no Ge can be found after this process, and at the sites of the Sn
patches along a NR where the Ge is completely replaced by Sn.
Differences in thermal stability of these structures when

compared to other studies on Ge1−xSnx should be mentioned.
The most important difference is the presence of the Sn metal,
which can dissolve and recrystallize Ge1−xSnx while a metal first
has to be formed when pure Ge1−xSnx decomposes and Sn
segregates. This process of spinoidal decomposition requires a
partial breakdown of the crystalline structure, and thus more
thermal energy has to be provided to overcome the lattice
energy. Thus, a removal of the Sn seed material from the NRs
and NWs by exposure to 5% hydrochloric acid for 5 min should
lead to increased thermal stability. Figure S13 compares
variable-temperature XRD results of Ge0.72Sn0.28 NRs with
and without the Sn seeds demonstrating the expected increased
thermal stability with temperatures up to ∼220 °C without
decomposition, which is ∼70 °C above the onset of a material
conversion in the presence of Sn. A similar measurement using
Ge0.83Sn0.17 NWs illustrates the same effect and stability up to
250 °C (versus ∼190 °C with Sn seeds in Figure 5, and for
comparison without Sn in Figure S14). Temperature stability
for an extended time is usually observed ∼30 °C below these
values as shown vide supra. In addition, the results presented
here can nicely explain the low-temperature crystallization of
amorphous Ge1−xSnx layers from a laser-annealed region
forming highly crystalline Ge1−xSnx material.65 This process
resembles metal-induced crystallization of Ge occurring at
higher temperatures,66 but leads to a metastable material
composition.
Bulk Ge exhibits a fundamental indirect bandgap of 0.67 eV

and a direct gap at 0.80 eV. Incorporation of Sn in the Ge
crystal reduces both energy gaps, but the direct one to a larger
degree than the indirect. Therefore, a direct semiconductor
material is expected for the high Sn contents described herein.
For a demonstration of the optical bandgap of the not
thermally degraded Ge1−xSnx material, Figure 8 shows the
direct bandgap of Ge0.72Sn0.28 NRs and Ge0.83Sn0.17 NWs
described herein. From IR absorption experiments, a Tauc plot
was prepared to determine the bandgap energy. A Tauc plot is a
common way to determine the optical bandgap of semi-
conductors.
A determination of the bandgap in the material is achieved by

plotting (αhν)n versus hν and relating the factor n to an indirect
(n = 1/2) or direct (n = 2) bandgap and the absorption
coefficient (α).67,68 Approximate bandgaps of 0.29 eV for
Ge0.72Sn0.28 NRs and 0.40 eV for Ge0.83Sn0.17 NWs were

determined by extrapolating a tangential line from the linear
portion of the Tauc plot to the abscissa. The direct bandgaps
observed in these NRs and NWs are far below the usual
bandgaps of Ge, which is expected for a successful
incorporation of Sn in Ge1−xSnx above ∼9% for a relaxed
material and could be an indication that these NRs and NWs
are indeed direct bandgap materials.34 More detailed physical
characterization of the presented materials is out of the scope of
this paper.

■ CONCLUSIONS

A low-temperature growth at 140 °C for the formation of
Ge1−xSnx NRs with a very high Sn content of 28% has been
established. The typical low-temperature α-Sn phase has been
observed during the formation of the NRs, and all the
anisotropic structures remained a Sn-rich region at the
nucleation site, which cannot be observed at nucleation at
higher temperatures. Therefore, we propose a growth
mechanism for this particular set of parameters that is based
on a Ge-stabilized α-Sn intermediate. Moreover, the thermal
stability of two sets of NRs and NWs with different Sn content
has been investigated via XRD, and the data reveal
decomposition at a low temperature that has to be considered
for the determination of their physical properties as well as the
potential device operation. In addition, the low-temperature
decomposition of Ge1−xSnx appears to be related to a solid
diffusion of Sn as observed as mobile sections with different
diffraction contrast during in situ TEM annealing experiments.
The segregated Sn accumulates at low temperatures at the
extremes of NRs and also as patches in between. The
continuous release of Sn accompanied by the formation of
crystalline Ge1−xSnx with lower Sn content and also spacial
distribution of the elements suggest dissolution and recrystal-
lization events facilitated by diffusing Sn. Removal of the
metallic Sn from the Ge1−xSnx results in enhanced stability
toward thermal decomposition by ∼70 °C for Ge0.72Sn0.28 NRs
and ∼60 °C for Ge0.83Sn0.17 NWs. Finally, a direct bandgap in
the starting materials with such high Sn contents has been
demonstrated via absorption experiments and the use of
graphical illustration in Tauc plots.

Figure 8. Tauc plot from IR absorption (insets) used to determine the
direct bandgap energy of the NRs and NWs.
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CVD of Nanodisperse Ge−Sn Alloys Obtained by Dielectric
Breakdown of SnH4/GeH4Mixtures. Eur. J. Inorg. Chem. 2009,
2009, 1464.
(29) Assali, S.; Dijkstra, A.; Li, A.; Koelling, S.; Verheijen, M. A.;
Gagliano, L.; Von Den Driesch, N.; Buca, D.; Koenraad, P. M.;
Haverkort, J. E. M.; Bakkers, E. P. a. M. Growth and Optical Properties
of Direct Band Gap Ge/Ge0.87Sn0.13 Core/Shell Nanowire Arrays.
Nano Lett. 2017, 17, 1538.
(30) Biswas, S.; Doherty, J.; Saladukha, D.; Ramasse, Q.; Majumdar,
D.; Upmanyu, M.; Singha, A.; Ochalski, T.; Morris, M. A.; Holmes, J.
D. Non-equilibrium induction of tin in germanium: towards direct
bandgap Ge1−xSnx nanowires. Nat. Commun. 2016, 7, 11405.
(31) Biswas, S.; Barth, S.; Holmes, J. D. Inducing imperfections in
germanium nanowires. Nano Res. 2017, 10, 1510.
(32) Seifner, M. S.; Biegger, F.; Lugstein, A.; Bernardi, J.; Barth, S.
Microwave-Assisted Ge1−xSnx Nanowire Synthesis: Precursor Species
and Growth Regimes. Chem. Mater. 2015, 27, 6125.
(33) Barth, S.; Seifner, M. S.; Bernardi, J. Microwave-assisted
solution-liquid-solid growth of Ge1-xSnx nanowires with high tin
content. Chem. Commun. 2015, 51, 12282.
(34) Lan, H. S.; Chang, S. T.; Liu, C. W. Semiconductor, topological
semimetal, indirect semimetal, and topological Dirac semimetal phases
of Ge1-xSnx alloys. Phys. Rev. B: Condens. Matter Mater. Phys. 2017, 95,
201201.
(35) Oehme, M.; Kostecki, K.; Schmid, M.; Oliveira, F.; Kasper, E.;
Schulze, J. Epitaxial growth of strained and unstrained GeSn alloys up
to 25% Sn. Thin Solid Films 2014, 557, 169.
(36) Gurdal, O.; Desjardins, P.; Carlsson, J. R. A.; Taylor, N.;
Radamson, H. H.; Sundgren, J. E.; Greene, J. E. Low-temperature
growth and critical epitaxial thicknesses of fully strained metastable
Ge1−xSnx (x≲0.26) alloys on Ge(001)2 × 1. J. Appl. Phys. 1998, 83,
162.
(37) He, G.; Atwater, H. A. Synthesis of epitaxial SnxGe1−x alloy
films by ion-assisted molecular beam epitaxy. Appl. Phys. Lett. 1996, 68,
664.
(38) Zaima, S.; Nakatsuka, O.; Taoka, N.; Kurosawa, M.; Takeuchi,
W.; Sakashita, M. Growth and applications of GeSn-related group-IV
semiconductor materials. Sci. Technol. Adv. Mater. 2015, 16, 043502.
(39) Taoka, N.; Capellini, G.; Schlykow, V.; Montanari, M.;
Zaumseil, P.; Nakatsuka, O.; Zaima, S.; Schroeder, T. Electrical and
optical properties improvement of GeSn layers formed at high
temperature under well-controlled Sn migration. Mater. Sci. Semicond.
Process. 2017, 57, 48.
(40) Grzybowski, G.; Beeler, R. T.; Jiang, L.; Smith, D. J.; Kouvetakis,
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Electrical characterization and examination of
temperature-induced degradation of metastable
Ge0.81Sn0.19 nanowires†

M. Sistani, ‡a M. S. Seifner, ‡b M. G. Bartmann,a J. Smoliner,a A. Lugstein a and
S. Barth *b

Metastable germanium–tin alloys are promising materials for optoelectronics and optics. Here we present

the first electrical characterization of highly crystalline Ge0.81Sn0.19 nanowires grown in a solution-based

process. The investigated Ge0.81Sn0.19 nanowires reveal ohmic behavior with resistivity of the nanowire

material in the range of ∼1 × 10−4 Ω m. The temperature-dependent resistivity measurements demon-

strate the semiconducting behavior. Moreover, failure of devices upon heating to moderate temperatures

initiating material degradation has been investigated to illustrate that characterization and device

operation of these highly metastable materials have to be carefully conducted.

Introduction

Group IV semiconductor nanowires (NWs) are promising
building blocks for various fields of application including elec-
tronic and sensing devices,1,2 solar cells,3,4 lithium ion bat-
teries,5,6 etc. Their electronic properties can be altered by
incorporation of well-known dopants in the semiconductor
host lattice,7–9 while recently extraordinary high amounts of
these known dopants as well as non-common metal incorpor-
ation in nanoscaled group IV elements is described.10–13 To
date, the performance of Si- and Ge-based materials in optics
and photonics is limited by the dominating, intrinsic indirect
bandgap of their thermodynamically most stable allotropes
with diamond cubic crystal structures.

A direct bandgap material based on Ge can be obtained by
physical strain engineering in the semiconductor14–16 or an
effective alloying with high Sn concentrations of ∼8–10 at% in
Ge1−xSnx,

17,18 which exceeds the thermodynamic solubility
limit (∼1 at% Sn).19 Since these Ge1−xSnx alloys are isostruc-
tural with Si and thus compatible with CMOS processing, this
material is a very promising candidate for optoelectronics and
optical devices operating in the infrared spectral region, such
as lasers,17,20–22 photodetectors,23,24 light emitting diodes25–27

or biological sensors.28 Moreover, the electronic properties are
also altered upon Sn incorporation in the Ge host lattice which
should result in an enhanced electron and hole mobility
making Ge1−xSnx interesting for high-speed electronics.29–33

Besides a large body of data related to the thin film growth on
single crystalline substrates and significant recent advance-
ments in this field,17,22,34–36 the number of reports on one-
dimensional nanostructures and nanoparticles with signifi-
cant Sn incorporation is still very limited.37 Top-down
approaches based on the post-growth etching of epitaxial films
to prepare desired morphologies have been applied38 and a
few reports describing suitable bottom-up approaches for a
reliable formation of Ge1−xSnx nanoparticles39–43 and one-
dimensional nanostructures44–50 are available. Morphological
control to obtain shape anisotropic single crystalline materials
has been achieved using Ge NWs as templates in order to
obtain core–shell Ge/Ge1−xSnx NWs45 but also non-templated
metal-seed supported growth of Ge1−xSnx NWs via gas-
phase46,47 and solution-based synthesis44,48,49 has been
described in literature. To date, anisotropic Ge1−xSnx nano-
structures usually are in the range of 9–13 at% Sn,45,46 while
our microwave-based synthesis procedures gives access to
highly crystalline material with very high Sn content of 17–32
at%.44,49 In general, literature data related to electronic pro-
perties of Ge1−xSnx materials with higher tin contents (>5 at%)
are scarce and the provided mobility, charge carrier density or
sheet resistance cannot be used to calculate the respective resis-
tivity values, because either the required data are missing, thin
films are strained or the material is p- or n-doped.51,52 This
paper describes for the first time the electronic properties of
bottom-up grown Ge1−xSnx NWs integrated in two-point and

†Electronic supplementary information (ESI) available: A potential failure
mechanism and estimation of diffusion lengths is described. In addition, XRD
patterns, EDX maps as well as line scans. See DOI: 10.1039/c8nr05296d
‡These authors contributed equally to this study.
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four-point configuration, revealing very high conductivity values
while still retaining semiconducting properties. The Ge0.81Sn0.19
NWs electronic properties have been investigated in the temp-
erature range of 10–298 K. In addition, the behavior of the
devices when exposed to elevated temperatures is investigated
emulating potential heating effects during device operation.

Experimental

All synthetic procedures and handling of the chemicals for the
nanostructure synthesis have been carried out using Schlenk
techniques or an argon-filled glove box (MBraun). Butyl
lithium, hexamethyldisilazane, SnCl2, 1,1,3,3-tetramethyl-
disilioxane, and GeCl4 were purchased from Sigma-Aldrich. All
solvents for the precursor synthesis were dried using standard
procedures and stored over molecular sieve. Precursors and
intermediates have been prepared as described before.49

Dodecylamine (98%, Sigma-Aldrich) was distilled three times
under reduced pressure using additions of 0.5–1 mL of Sn(N(Si
(CH3)3)2)2 as described in literature.44 This procedure allows
separation of impurities that can react with Sn(N(Si(CH3)3)2)2
and Ge(N(Si(CH3)3)2)2 in the following material synthesis and
ensures the most reliable results.

Nanostructure synthesis and temperature treatment

Ge0.81Sn0.19 NWs were synthesized in 10 mL glass cells (Anton
Paar GmbH) at 503 K. In a typical experiment, 3 mL of dodecyl-
amine were transferred in a glass microwave reactor. First,
Sn(N(Si(CH3)3)2)2 and subsequently Ge(N(Si(CH3)3)2)2 were
added to dodecylamine in a Sn : Ge ratio of 1 : 4. The mixture
was then heated to ∼373 K and stirred at room temperature for
15–17 h. Further information about the pretreatment pro-
cedure of the precursor mixture for the synthesis of Ge1−xSnx

NWs has been described in literature.44,49 The vial was sealed
with a Teflon-coated cap and transferred to the microwave
reactor (Monowave 300; Anton Paar GmbH; frequency, 2.46
GHz) equipped with an IR temperature control unit. The vessel
was heated up as quick as possible, held 2–10 min at 503 K
and finally was cooled down by a gas stream. The synthesized
Ge0.81Sn0.19 NWs were collected by adding toluene (3 mL) and
subsequent centrifugation. The NW material was redispersed
in solvent (2× toluene; 3× ethanol, 3× toluene), centrifuged,
separated from the supernatant and finally stored under
ambient conditions in toluene.

Heat treatment of the NW samples has been carried out
using a home-build CVD oven operated at 523 K under helium
atmosphere. Before the samples have been heated up, the
chamber has been purged by evacuation to 0.1 mbar and repla-
cing the atmosphere by He 5.0. During the annealing a con-
stant flow of 50 sccm He was channeled through the oven.

Nanostructure characterization

Scanning electron microscope images have been acquired
using a FEI Inspect F50. Ge0.81Sn0.19 NWs were deposited on
lacey carbon copper grids (Plano) by drop casting of a toluene

suspension for transmission electron microscope (TEM)
characterization. In this study, a FEI TECNAI F20 operated at
200 kV and equipped with high angle annular dark field
(HAADF) STEM and EDX detector was used. The EDX elemen-
tal maps and point measurements were recorded and quanti-
fied using the AMETEK TEAM package. The TEM images were
recorded and treated using Digital Micrograph software.

X-ray diffraction (XRD) patterns were recorded on a
PANalytical X-Pert PRO PW 3050/60 in Bragg–Brentano geome-
try using Cu-Kα radiation, while the analysis of the acquired
data was performed using X-pert Highscore software. The
preparation included drop casting of the nanowire material
onto Si (911) wafers as support.

Electrical characterization

The Ge0.81Sn0.19 NWs have been deposited onto a highly
p-doped Si substrate with a 100 nm thick, thermally grown
SiO2 layer and predefined macroscopic Ti–Au bonding pads.
The devices have been prepared by electron beam lithography
on a Raith e-LiNE machine (10 kV, PMMA resist) and individ-
ual NWs have been contacted with 7 nm Ti and 190 nm thick
Au pads by electron beam evaporation using a Leybold e-beam
evaporator. The metal pad evaporation was preceded by a
short oxygen plasma treatment (300 W, 90 s; Technics plasma
GmbH 100-e plasma system) to remove any organic shell and a
subsequent HI dip was used to remove germanium oxide. The
excess metal has been removed by standard lift-off techniques.
Essentially, contacts to the NWs were prepared using estab-
lished NW processing techniques.53,54

The electrical measurements at room-temperature and
ambient conditions were performed using a combination of a
semiconductor analyzer (HP 4156B) and a probe station. To
minimize the influence of ambient light as well as electromag-
netic fields, the probe station was placed in a dark box. The
resolution limit of the used setup is 500 fA and leakage cur-
rents of ∼1 pA, which is negligible for the here investigated
highly conducting material. Low-temperature measurements
(10–298 K) were performed in vacuum at a background
pressure of approximately 2.5 × 10−5 mbar using a 4He cryostat
(Cryo Industries CRC-102) and a semiconductor analyzer
(Keysight B1500A).

Results and discussion

The Ge1−xSnx NWs have been prepared by a microwave-based
synthesis procedure described in literature.44,49 A description
of the process is provided in the Experimental section. Fig. 1a
shows a scanning electron micrograph (SEM) image of the pre-
pared NWs after treatment with hydrochloric acid to remove
metallic growth seeds resulting in a pure, unaltered Ge1−xSnx

material. The composition has been calculated from the X-ray
diffraction (XRD) pattern (inset in Fig. 1a) according to
Vegard’s law using the isostructural α-Ge and α-Sn references.
The obtained shift of the Ge1−xSnx reflections can be associ-
ated to 18.8 at% Sn. Scanning transmission electron
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microscopy energy dispersive X-ray spectroscopy (STEM-EDX)
maps and line scans are shown in Fig. 1b illustrating a homo-
geneous distribution of Sn in the Ge matrix with only small
fluctuations. Fig. 1b also indicates the metallic Sn growth pro-
moter, which has been removed from all other NWs by HCl
treatment for this study. Evaluation of EDX measurement data
reveals 18.8 ± 1.2 at% Sn in the Ge1−xSnx NWs. Both values
from EDX and XRD analysis are in good agreement and conse-
quently, the material will be referred to as Ge0.81Sn0.19 NWs.

The electronic properties of the NWs have been investigated
in two different geometries on Si substrates with a 100 nm
thick, thermally grown SiO2 layer. The drop casted Ge0.81Sn0.19

NWs are contacted by gold pads using standard electron-beam
lithography, deposition of metal by evaporation, and lift-off
techniques. A specifically small or optimized contact resis-
tance either through formation of interfacial layers based on
Ni typically requires thermal annealing (≥623 K)55 or based on
Sn electrodes with low Schottky barrier height56 have been neg-

lected, because the required annealing temperatures or desta-
bilization of the Ge1−xSnx material by the metallic contact can
lead to undesired material degradation.44 However, even the
Ge0.81Sn0.19 NW-based two-terminal devices show ohmic be-
havior combined with high current levels as can be expected
for a semiconductor material with high number and mobility
of charge carriers (Fig. 2a). A fluctuation of the resistance
values of different devices while diameters in the range of
110–180 nm has been observed with thicker diameters
showing typically higher conduction values. The electrical
current is two orders of magnitude higher in comparison to
intrinsic Ge NW with similar dimension grown by Au mediated
CVD as shown in Fig. 2a. In contrast to slightly strained
Ge0.86Sn0.14 as a high Sn content material,57 the here presented
highly conductive Ge0.81Sn0.19 NW devices do not show any
gating effect in field effect measurements (between −40 V and
40 V).

In order to investigate the influence of the contacts on the
actual NW resistance values, four-terminal devices using indi-

Fig. 1 (a) SEM image of Ge1−xSnx NWs and corresponding XRD pattern
(inset) after Sn seed removal, showing the shifted signal when compared
to the Ge reference. (b) The composition of the Ge1−xSnx NW can be
also determined by EDX point measurements while the specific
locations along the NW are illustrated in the STEM-EDX image. The EDX
map also shows the Sn growth seed used to form these nanostructures.

Fig. 2 (a) Two-terminal I–V measurements of Ge0.81Sn0.19 NWs with
diameters between 110–180 nm and a Au-seeded NW of intrinsic Ge
(dashed line) for comparison. (b) Four-terminal devices are used to illus-
trate the influence of the contact resistance and the corresponding two-
terminal measurement using the same NW is illustrated for comparison.
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vidual NWs have been prepared. The inset of Fig. 2b shows
such a device using a Ge0.81Sn0.19 NW of 170 nm thickness.
The resistance measured in two-point geometry is about 9.2
kΩ, while the actual resistance of the NW determined in four-
probe configuration is only 1.985 kΩ. In general, the devices
showed a decrease in resistance to 22–24% of the values deter-
mined in two-point configuration. This clearly indicates a high
contact resistance between the NW material and the Au con-
tacts, that might be caused by the pretreatment of the NWs
with an oxygen plasma to remove any organic groups from the
surface, but at the same time oxidizing some of the
Ge0.81Sn0.19 material at the surface and causing SnO2 for-
mation that cannot be removed easily in the further process
steps.

Fig. 3 illustrates the resistivity-dependence on tempera-
ture variation in the range from 298 to 10 K, which was
investigated in four-point configuration. At room tempera-
ture, resistivity values of Ge0.81Sn0.19 NWs (∼1 × 10−4 Ω m)
are typically 2 orders of magnitude lower than for intrinsic
Ge (∼9 × 10−3 Ω m),58 but approximately two orders of mag-
nitude higher than for hyperdoped Ge0.97Ga0.03 NWs (∼3 ×
10−6 Ω m)11 as shown in Fig. 3. Theoretical predictions con-
sider a significant increase in electron mobility for Ge1−xSnx

with high tin content when compared to Ge (∼50 times for
x = 0.2),59 while the charge carrier concentration increases
only slightly according to studies on thin films of Ge and
Ge1−xSnx with up to 5.8 at% Sn.60 This corresponds con-
siderably well with the observed difference in resistivity
values between intrinsic Ge and our Ge0.81Sn0.19 NWs
assuming other parameters such as surface scattering would
be similar on both types of NWs. Intrinsic Ge NWs grown by
Au-seeding show a strong dependence on the temperature
and an increase of resistivity by several orders of magnitude
upon cooling. In contrast, the Ge0.81Sn0.19 NW’s resistivity
appear to be almost independent on temperature, similar to

hyperdoped Ge0.97Ga0.03 NWs11 as described in literature. A
more detailed view reveals an increase in resistivity with
decreasing temperatures (inset Fig. 3) typical for a semi-
conductor while in comparison hyperdoped Ge0.97Ga0.03
NWs show quasi-metallic behavior with decreasing resis-
tivity. This change in resistivity and the curve shape is
expected for a semiconductor; however, the resistivity
increases merely by ∼50–60% of the room temperature value
when cooled to 10 K.

In general, electronic devices can be exposed to increased
temperatures either by in situ joule heating or temperature
fluctuations of the whole device. Therefore, we studied 18
Ge0.81Sn0.19 NWs in two-terminal devices after annealing at
523 K for 15, 30 and 60 min to evaluate their behavior when
exposed to temperatures at which segregation processes can be
expected (Fig. 4a). Nine of the 18 devices were destroyed after
the first heating cycle at 523 K, while only one of these even-
tually failing devices provides an electronic signal at 15 min
annealing with much higher resistivity before the device fails
as well at 30 min (α-behavior). The remaining eight devices
exclusively show lower resistivity values at room temperature as
an indication that the contact resistance was reduced (resis-
tivity in Fig. 4 includes the contact resistance). Four of the sur-
viving devices followed this trajectory and the resistivity
decreases further for the whole annealing duration of 60 min
(γ-behavior). Another four of the intact devices showed an
increased resistivity after annealing for more than 15 min
(β-behavior), which can be attributed to the onset of Sn segre-
gation events, while the devices are still intact. An increased
resistivity is expected because of the inhomogeneity of the
material and lower mobility of Ge1−xSnx with lower Sn
content.59 XRD patterns in Fig. 4b of Ge0.81Sn0.19 NWs treated
for 60 min at 523 K show partial material conversion and seg-
regation processes (enlarged in Fig. S1†). In addition to the
observed shoulder of the initial Ge0.81Sn0.19 reflections, small
β-Sn reflections can be observed. However, this bulk analysis
cannot explain the different behavior of devices observed in
the electrical characterization.

To illustrate differences in NWs during this heating
process, STEM EDX analysis was performed prior and after the
heat treatment at 523 K for 60 min. EDX line scans as well as
EDX maps before and after the annealing of the same NWs are
illustrated in the ESI† showing completely unaltered NWs, seg-
regation onsets and highly modified NWs (Fig. 4c+d and
Fig. S2–4†). The EDX line scan in Fig. 4c illustrates a Ge1−xSnx

NW with pronounced degradation and Sn segregation that
could be associated with the device failure (α-behavior), since
segregation events are observed in close proximity of the
extremes. A partial degradation with the segregation events
farther away from the contact material (Fig. 4d) can be respon-
sible for the altered electronic properties resulting in increas-
ing resistivity values (β-behavior). Unaltered Ge0.81Sn0.19 NWs
after heat treatment are associated with γ-behavior and shown
in the ESI (Fig. S2†). EDX maps as well as line scans of
as-grown and annealed NWs for all three different cases
discussed are illustrated in Fig. S2–S4.†

Fig. 3 Evaluation of resistivity changes with temperature in the range
298–10 K for a Ge0.81Sn0.19 NW and comparison to other NWs including
intrinsic Au-seeded Ge and Ga-hyperdoped Ge.
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As mentioned before, the here described Ge0.81Sn0.19 NWs
represent a highly metastable material and thus elevated tem-
peratures lead to Sn segregation. The threshold temperature
depends on the initial composition including potential doping61

and the here described composition should start to degrade at
temperatures of ∼523 K.44 Formation of metallic Sn particles by
segregation from Ge0.81Sn0.19 NWs is a stochastic process and
therefore a difference in device behavior can be expected for the
devices. The difference between the completely failing devices
and the ones showing only higher resistivity can be related to

diffusion length of the segregated Sn in the Ge0.81Sn0.19 crystal
and interactions of the metallic Sn and the Au contacts.
Therefore the location of the Sn segregation process is also
important. For the device failure upon annealing two scenarios,
which are most likely both intertwined, have to be considered for
the gap formation at the nanostructure-to-contact region (Fig. 4a).
The out-diffusion of Sn upon segregation is accompanied with
a Ge0.81Sn0.19 material conversion to a material with lower Sn
content and smaller lattice parameters. This will result in a
natural shrinkage of the material and therefore the devices
can fail due to mechanical stress indicated by the gap close to
the contact in the inset of Fig. 4a. In addition, reaction of the
segregated Sn with the Au contact and associated Sn diffusion
in the Au contact material can lead to device failure. The prob-
ability of this reaction is higher for Sn segregation events in
proximity to the Au bond pads leading to failure, while segre-
gation in the middle of a wire does only lead to strain and no
structurally weakened NWs. A Au/Sn reaction can cause pro-
nounced formation of pores in diffusion experiments on the
Sn side62 and the diffusion lengths can be in the tens of nano-
meter as calculated in the ESI.† 63

Conclusions

We present the first investigation on the electronic properties
of Ge1−xSnx materials with high Sn content. Ge0.81Sn0.19 NWs
were prepared by microwave synthesis and investigated in two-
and four-point configuration demonstrating high conductivity
while the contact resistance dominates the I-V-characteristics
in two-terminal devices. All devices investigated revealed
ohmic behavior. The resistivity evolution by cooling to 10 K
shows semiconductor characteristics with small increase of
resistivity. The thermal annealing at moderate temperatures of
523 K results in three sets of device behavior with influences
of the material degradation by Sn segregation on the electronic
properties and structural device stability.
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ABSTRACT. 

Highly oriented nanowires (NWs) and nanocones (x up to ~19 at% Sn) are synthesized by a low 

temperature chemical vapor deposition (CVD) growth technique. The formation of the structures 

is based on a self-seeding vapor-liquid-solid (VLS) mechanism of this binary semiconductor 

material using Sn as growth seed and sole source/reservoir. Besides the very high Sn content 

achieved in this study, the strain relaxation for a lattice mismatch of  2.94 % between the Ge(111) 

substrate and the final composition Ge0.81Sn0.19 of NWs is reached within a transition zone of ~80 

nm, while micropillars show fivefold longer transition zone which is very similar to epitaxial thin 

film growth. Effects of the Sn growth promoter on the structural and compositional evolution of 

Ge1-xSnx are described. In addition, the optical properties of the Ge1-xSnx NWs and nanocones 

verify the formation of a direct bandgap material with emission in the mid-infrared region and 

values expected for unstrained Ge0.81Sn0.19 (~0.3 eV).  

  

mailto:sven.barth@imw.uni-stuttgart.de


 3 

Monolytic integration of photonics and electronics on the same platform based on all-group IV 

semiconductors requires a localized and efficient way of fabricating light emitters being processed 

in established complementary metal-oxide-semiconductor (CMOS)-based processes.1 For this 

purpose, direct bandgap Ge1-xSnx has recently re-gained increased interest.2-3 Alloying germanium 

with tin alters the properties of the semiconductor tremendously effecting electronic,4 

optoelectronic5 and optical6 properties. However, a direct semiconductor material of this element 

combination requires superseding the equilibrium solubility of ~1 at%.7 Thus, processes enabling 

the incorporation of ~8 at% Sn8 in Ge have to be carried out under non-equilibrium conditions 

ruled by kinetics. Additional benefit is the possibility to modulate the bandgap by altering the tin 

content in the Ge matrix.9 According to their narrow bandgap, these Ge1-xSnx materials are 

candidates for infrared optoelectronics and optical devices, such as infrared lasers,8, 10-13 

photodetectors14-15 or light emitting diodes16-18. 

Despite significant progress in thin film growth techniques, there is a limited number of reports 

available for anisotropic Ge1-xSnx crystal growth exceeding the Sn content required to obtain a 

direct bandgap material. Ge1-xSnx NWs have been prepared by using Au seeds for simultaneous 

decomposition of allyltributylstannane and diphenylgermane leading to Ge0.91Sn0.09 showing 

characteristics of a direct bandgap material.19 20 Higher tin contents in the range of 17-28 at% have 

been obtained by applying a liquid-based approach21-23 The material in this composition range 

reveals high conductivity values and semiconductor behavior.24 Low temperature growth 

preventing a phase separation can lead to extraordinary high doping levels in Ge NWs while 

retaining excellent crystal quality. For instance, CVD as well as electrochemical synthesis are able 

to incorporate very high metal concentrations in the semiconductor from the metal seed used to 

grow the Ge nanocrystals.25-28 The technique can be described as a low temperature variation of 



 4 

the self-seeded growth described for In or Ga metal of the respective III-V NWs.29-30 In this 

context, Sn has been used in prior studies for the growth of Si31-32 and Ge33-34 and nanorods / NWs 

and segmented Si/Ge heterostructures;35-36 however, significant incorporation from a Sn reservoir 

in the growing Ge NW crystal has only been achieved by a low-temperature microwave-based 

approach21-23 according to the solution-liquid-solid mechanism and for in-plane migrating NWs37 

using a solid-liquid-solid approach. Moreover, crystallization of initially amorphous Ge0.85Sn0.15 

micrometer-sized stripes by rapid melting growth shows a Sn segment at the end of the formed Ge 

crystal.38 However, the crystal contains a very low Sn content over tens of micrometers and only 

a few micrometers with significant Sn incorporation close the metallic Sn segment. 

Thus far, in regards to control of the growth direction on substrates only one study on 

Au-catalyzed, oriented Ge1-xSnx NWs has been reported. Although the temperature used is in the 

regime (300-350 °C) where efficient Sn incorporation has been demonstrated for layer growth, the 

Ge NWs contain only the thermodynamically stable ~1 at% Sn and revealed a Sn-O-enriched 

shell.39 A successful strategy has been the growth of Ge1-xSnx shells on Ge NWs as substrate 

material.40-41 The most efficient incorporation in these studies shows an epitaxial, non-

homogeneous Ge0.87Sn0.13 shell growth with Sn gradient of 8-13 at%.40 The shell, accommodates 

the resulting strain by the aforementioned Sn gradient and also inhomogeneous distribution of Sn 

in the shells with radial “sunburst stripes” of low (~4 at%) and high Sn content (8-13 at%) 

alternating segments.42  

Here we report an efficient CVD growth method of Ge1-xSnx structures using metallic Sn as 

source and crystal growth promoter on Ge(111) substrates. Epitaxial, vertically-grown Ge1-xSnx 

(x = 15-20) structures are demonstrated over a large diameter range ~50-1000 nm. The initial Sn 

particle acts as both nucleation seed as well as Sn source for the formation of the binary 
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semiconductor and thus the growth mechanism can be described as a site-selective self-seeding 

VLS mechanism. Short growth cycles have been intentionally chosen to prevent potential thermal 

degradation of the material, which we investigated prior to this study.23 Our results demonstrate a 

diameter-dependent transition zone between substrate and Ge1-xSnx material with very efficient 

strain relaxation for nanostructures. The obtained Ge0.81Sn0.19 NWs and nanocones exhibit 

photoluminescence with energies in the expected range of 0.29 eV at room temperature for 

material with a direct bandgap. The PL data illustrate the high crystal quality of the NW material 

prepared in this study.  

 

RESULTS AND DISCUSSION 

 

The growth of the Ge1-xSnx nanostructures has been realized in a two-step CVD approach. In a 

first step, the Sn growth seeds have been deposited by low pressure CVD on single crystal Ge(111) 

substrates using Sn(N(CH3)2)2 at substrate temperatures of 275-300 °C. The in situ formation of 

the Sn growth seeds avoids their oxidation. Subsequently, the temperature is adjusted to the desired 

deposition conditions for the tert.-butylgermane precursor as Ge source. Key to the successful 

formation of Ge1-xSnx NWs using Sn is a high supersaturation of the Ge-source to enable a high 

growth rate at low temperatures of 250-350 °C, since process conditions also effect the material 

quality and composition as well as the tendency to Sn segregation.43 The high growth rate is 

important to prevent the degradation of the Ge1-xSnx by diffusion of metallic Sn through the 

crystal,23 but causes a parasitic amorphous Ge film that can be easily removed via reactive ion 

etching as described in literature.44 Typical scanning electron microscopy (SEM) image recorded 

perpendicular to the sample surface reveals almost exclusively circular structures and a small 

number of elongated structures formed off axis as shown in Figure 1a. The actual morphology of 
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the NWs and their orientation can be visualized either in cross section geometry (Figure 2b) or 

simply by tilting the substrate off the 111-viewing direction as demonstrated for fully developed 

Ge1-xSnx nanocones in Figure 2c. The highest number of 111-oriented NWs (>97 %) was 

observed for samples with diameters at the interface NW to substrate in the range of 30-130 nm 

(mean value 8122 nm; 1) as displayed in Figure S1. Transmission electron microscopy (TEM) 

was used to study microstructural properties of the Ge NWs. For that purpose, Ge1-xSnx NWs were 

deposited onto lacey carbon grids by drop casting of NWs which were mechanically removed from 

the surface. The TEM image in Figure 1d reveals a smooth surface and shows the partially 

consumed hemispherical Sn growth seed with different diffraction contrast. The single crystal 

nature of Ge1-xSnx material growing from the Sn seed is revealed in a high resolution TEM 

(Figure 1e). The Fast Fourier Transformation (FFT) pattern shown in the inset depicts the growth 

direction of the Ge1-xSnx NW to be along the expected 111-axis according to their perpendicular 

orientation to the (111) Ge substrate in SEM images. 

Significant differences in morphology can be observed with higher amounts of Sn deposited in 

the first step. Thick micropillars of different height and diameter are obtained after the Ge 

deposition and accompanied with micron-sized structures migrating on the surface (Figure 2a). 

Micropillars are very similar to the structures observed in Figure 1b, but with much larger 

diameter. The surface migrating in-plane microwires, as highlighted by circles in Figure 2a, 

resemble structures described in literature. In contrast to the conversion of amorphous Ge into 

Ge1-xSnx on silica surfaces,37 the here observed in-plane microwires are growing on single crystal 

Ge substrates and therefore strain has to be considered. Differences in the Sn content observed in 

this study (up to ~4% at 300 °C) and the literature report of in-plane Ge0.78Sn0.22 NWs grown at 

temperatures of 270 °C can be traced back to their formation on a lattice matching Ge substrate 
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instead of an amorphous SiO2 layer.37 Scanning transmission electron microscopy energy 

dispersive X-ray spectroscopy (STEM-EDX) maps for Sn and Ge are shown Figure S2 in the 

Supporting Information. 

A schematic diagram derived from SEM images can be used to discriminate between three 

different morphologies observed in the experiments. The starting point in the growth description 

in Figure 2b is the initial Sn particle. The main difference is the size and the resulting nucleation 

events. Small Sn particles lift from the surface of the Ge substrate easily, because the decomposing 

Ge can dissolve in the Sn particle leading to supersaturation with Ge and subsequent nucleation/ 

film formation underneath the particle via layer-by-layer growth representing a typical VLS 

growth of group IV NWs on (111)-oriented substrates of Si or Ge. The growth proceeds as long 

as the liquid Sn particle can facilitate the VLS growth of a single crystal, while it is consumed due 

to incorporation of Sn in the growing NWs. For thicker Sn particles either an identical process 

occurs and micropillars are formed underneath the Sn particle. However, in case the nucleation 

event occurs at an edge of the particle at the triple phase boundary an in-plane migrating microwire 

can be observed.45  

Since both thick micropillars and NWs are both growing perpendicular on the Ge(111) substrate, 

the composition of the formed Ge1-xSnx material has to be considered. For this purpose, TEM 

lamellae have been prepared using focused ion beam preparation methods for cutting and thinning 

of the sections. Figure 3a shows the composition at different locations along a STEM-EDX map 

of the micropillars, as illustrated in the inset. A clear trend is visible along the cross section starting 

at the Ge substrate and a transition zone with increasing Sn content up to 15.4 at% over a length 

of 430 nm for a microwire of 1.1 µm base diameter. This is in good agreement with a recent study 

on epitaxial thin film growth of Ge1-xSnx with a tin content of ~15 at% at a distance of ~500 nm 
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on a virtual Ge substrate.46 In contrast, Figure 3b illustrates a NW with 95 nm base diameter 

owning a transition length of merely 50 nm for a 15 at% Sn content and 80 nm to reach a 

composition limit of ~19 at% Sn at the given synthesis parameters (325 °C and 100 µl TBG). The 

composition along a NW after the transition zone is constant as shown in Figure 3c for a not fully 

terminated Ge0.81Sn0.19 NW (19.3±0.9 at%) with the Sn particle at the top of the growth front. The 

composition along a fully developed nanocone is also constant, which is shown with the whole set 

of Ge and Sn maps and their overlays related to Figure 3 in Figures S4-6. 

Obviously, the length of the transition zone is diameter-dependent for structures growing in the 

111-direction. The substitution of Ge in the crystal by Sn owning 15% larger atomic size results 

in a mismatch of the Ge substrate and the growing Ge1-xSnx. In epitaxial thin film growth this strain 

can be relaxed by defect formation or the crystal remains pseudomorphic resulting in 

compressively strained films; however, this is not beneficial for the optical properties of the 

material. In general, the lattice mismatch is given by  = (af − as)/as, where af and as are the lattice 

constants of the film and the substrate materials, respectively. The lattice parameters of unstrained 

Ge1-xSnx scale linear with changes in the atomic ratio and thus calculations according to Vegard’s 

a law can be used for the composition of interest. A large interface area is covered by a micropillar 

(for a diameter of 1.1 µm this area is 9.5x105 nm2) and the transition zone from pure Ge and 

Ge0.85Sn0.15 with a 2.20 % lattice mismatch is 430 nm (Figure 3a). This is in good agreement to 

gradients in thin film growth of Ge0.85Sn0.15 with good optical properties.46-47. The same 

composition is observed for the 95 nm diameter NW within 50 nm from the interface and the even 

higher equilibrium composition of Ge0.81Sn0.19 (lattice mismatch of 2.94 %) is reached after 80 nm 

which relates to an effective strain compensation by dilatation. Since both, the substrate and the 

growing material are isotype, the strain can be gradually compensated, which is not possible for 



 9 

two materials with a fixed composition and lattice parameters such as III-V semiconductor growth 

on group IV substrates. However, these literature reports demonstrate that NWs can efficiently 

compensate a large amount of strain and that this effect is more pronounced for thin NWs.48  

The optical properties of Ge0.81Sn0.19 NWs epitaxially grown on Ge are evaluated by 

temperature- and laser power-dependent PL measurements (Figure 4). For both PL series a signal 

in the range 2.76 µm - 2.00 µm (0.45 eV - 0.62 eV) can be attributed to the Sb-doped Ge substrate 

showing indirect bandgap-behavior. The direct bandgap PL signal located at 4.28 µm (0.29 eV) 

for room temperature can be assigned to the Ge0.81Sn0.19 NWs which is in good agreement with 

theoretical49 and experimental50 studies on thin films showing direct bandgap energies for similar 

compositions in the same range (Figure 4a). Furthermore, a blue-shift of the PL signal upon 

cooling (Figure 4a) and for increased laser powers (Figure 4b) is observed. The increase of the PL 

signal upon cooling (Figure 4a) and for higher laser powers (Figure 4b) is a strong hint for the 

transition of Ge into a direct bandgap semiconductor and these observations agree well with a 

study about optical transitions in direct bandgap Ge1-xSnx alloys.51 According to literature, the clear 

evidence of PL from a direct bandgap semiconductor which is dominated by band-to-band 

recombination is provided by validation of the direct proportionality between the integrated PL 

intensity (I) and the excitation power (P) (I ~ Pm with m = 1).51-52 Therefore, the integrated PL 

intensity is plotted versus the excitation power in a double logarithmic diagram. The slope of the 

curve is very close to 1 which proves that a Ge0.81Sn0.19 NW epitaxially grown on Ge is a direct 

bandgap semiconductor. 
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CONCLUSION 

 

A vapor-phase approach for the epitaxial growth of Ge1-xSnx nanostructures on a Ge substrate is 

presented. In a first step Sn particles are deposited on a Ge substrate via a CVD process with high 

control over the seed diameter. In a subsequent step the gas-phase is highly saturated with a Ge 

precursor resulting in the self-seeded growth of anisotropic Ge1-xSnx nanostructures. Depending 

on the seed diameter morphologies such as Ge1-xSnx NWs, micropillars, and in-plane NWs can be 

grown with high densities on the Ge substrate. Ge1-xSnx NWs and micropillars both grow in the 

111 direction but differ in Sn distribution and content depending on base diameter 

(~ 81 nm/~ 1 µm). For Ge1-xSnx micropillars a strong gradient in Sn content (up to ~ 15 at%) is 

observed and can be related to strain effects caused by the large lattice mismatch between Ge and 

the growing alloy. In contrast, Ge1-xSnx NWs show an efficient incorporation of Sn (19.3 at%) and 

only a short transition zone (< 100 nm) due to an effective strain compensation by dilatation. 

Temperature- and laser power-dependent photoluminescence measurements show a direct 

bandgap transition of Ge0.81Sn0.19 NWs. The slope of the curve obtained by plotting the integrated 

PL intensity (I) of the signal versus the excitation power (P) in a double logarithmic diagram is 

very close to a value of 1 which confirms the transition of Ge into a direct bandgap semiconductor. 
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METHODS 

 

All synthetic procedures and handling of the chemicals for the nanostructure synthesis have been 

carried out using Schlenk techniques or an argon-filled glove box (MBraun). Solvents have been 

dried over sodium and stored in a glove box. The bis(dimethylamido)tin(II) precursor 

(Sn(N(CH3)2)2) was prepared by salt elimination using SnCl2
 and Li(N(CH3)2) in dry 

hexane/diethylether according to literature.53  The Sn(N(CH3)2)2 was sublimed at reduced pressure 

before use. All chemicals for the synthesis of the amido precursor were purchased from Sigma-

Aldrich. Tert.-butylgermane (TBG; (C4H9)GeH3) was purchased from Gelest. 

 

Nanostructure synthesis.  Epitaxially grown Ge1-xSnx alloy nanostructures are synthesized in a 

modified cold-wall CVD reactor. In a typical process the Ge(111) substrate is treated with 

concentrated hydrobromic acid (HBr) for 15 min in an ultrasonic bath to remove native oxides. 

Subsequently, the substrate is rinsed by distillated water and isopropyl alcohol. The dried substrate 

is connected to a graphite susceptor by silver paste. The CVD reactor is flushed with pure N2 for 

15 min before separate 10 ml vessels containing 10 mg bis(dimethylamido)tin (Sn(N(CH3)2)2) and 

50-200 µl tert.-butylgermane are attached to the growth chamber under N2 flow on separate lines 

with individual glass gauges. The CVD reactor is evacuated (~1x10-3 mbar) and Sn deposition is 

carried out at substrate temperatures of 300 °C and a temperature of 55 °C of the oven to generate 

sufficient vapor pressure of the metalorganic precursor. After 10 min the Sn precursor supply is 

disconnected and the susceptor temperature adjusted (250-350 °C). At the desired susceptor 

temperature the Ge precursor, which is a colorless liquid at room temperature with a very high 

vapor pressure, is frozen with liquid N2. The valve separating the Ge precursor from the reactor is 

opened, while a valve between susceptor and vacuum pump is closed in order to achieve a high 
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vapor pressure during the decomposition of the Ge precursor in a reactor volume of ~350 cm3. The 

Ge precursor heats up to room temperature and thus filling the whole reaction vessel after 

approximately 1 min. Ge is deposited for 15 min and the growth is terminated by opening the valve 

between the susceptor and the vacuum pump. The reactor is cooled down to room temperature 

after the reactor pressure is <1x10-3 mbar. 

After the CVD process the substrates are transferred into a RIE etcher (Oxford Plasmalab 80 

plus) to remove a parasitic, amorphous Ge layer grown on the substrate and the Ge1-xSnx structures. 

A mixture of 80 % CF4 and 20 % O2 is used as process gas. In a typical process the samples are 

etched with an RF power of 35 W at a pressure of 700 mTorr. Depending on the expected thickness 

of the Ge layer the etching time is varied between 30 and 75 s. The thin SnO2 layer formed during 

the etching is removed by treatment in 10 % HCl for 5 min. 

 

Nanostructure characterization.  The Ge1-xSnx NWs were analyzed using a FEI Quanta 250 

field emission gun scanning electron microscope (SEM). The Ge1-xSnx NWs were partially scraped 

off the Ge substrate and deposited on lacey carbon copper grids by drop-casting of a toluene 

dispersion for transmission electron microscope (TEM) characterization (Plano). For cross 

sections, the structures were sputter-coated with carbon (100-500 nm) and Pt was deposited before 

FIB sectioning and thinning using a FEI-Quanta 200 3D DualBeam-FIB. In this study, a FEI 

TECNAI F20 operated at 200 kV and equipped with high angle annular dark field (HAADF) 

STEM and EDX detector was used. The elemental maps were recorded and quantified using the 

AMETEK TEAM package. The images were recorded and treated using Digital Micrograph 

software.  
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Figure 1. Top view (a) and cross section (b) of highly oriented Ge1-xSnx nanostructures grown on 

Ge(111) substrates at 325 °C for 15 min and subsequent reactive ion etching. (c) The 30° tilted 

view shows fully terminated Ge1-xSnx nanocones grown perpendicular to the Ge surface. (d) The 

TEM image of a NW scraped from the surface clearly illustrated the shrinking diameter due to the 

incorporation of Sn from the metallic hemispherical nucleation seed and smooth surface of the 

Ge1-xSnx. (e) High resolution TEM image of a Ge1-xSnx NW reveals the single crystalline nature 

of the material and also the growth along the 111-axis can be determined by the Fast Fourier 

Transformation (FFT) in the inset. 
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Figure 2. (a) SEM image (30° tilt angle) of structures obtained with higher amount of Sn deposition 

showing in plane growth of microwires and perpendicular growth of micropillars at growth 

temperatures of 300 °C. In plane microwires are encircled to guide the eye. (b) gives a schematic 

illustration of the formation mechanism of the different structures obtained in this study including 

in plane microwires, micropillars as well as the formation of nanocones in the lower sequence. 
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Figure 3. STEM-EDX maps showing the local Sn distribution in the Ge1-xSnx structures on the Ge 

substrate using thin TEM lamellae (a+b) prepared FIB. (a-c). Sn concentration profiles along the 

growth axis for (a) a micropillar with a base diameter of 1100 nm on the Ge substrate showing a 

gradual increase of Sn composition over the whole length of the Ge1-xSnx segment, (b) the interface 

region between Ge and the growing Ge1-xSnx NW crystal with base diameter of 95 nm, which 

reaches a constant Sn content (~19 at%) within a length of 80 nm.  (c) shows the homogeneous Sn 

distribution along a Ge1-xSnx NW (19.3±0.9 at%) 
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Figure 4. (a) Temperature-dependent photoluminescence measurements show emission of 

Ge0.81Sn0.19 NWs at 4.28 µm (0.29 eV) for room temperature. The signal strongly shifts towards 

higher energies upon cooling and intensity of this signal increases. (b) A strong shift towards 

higher energies accompanied with higher intensities can be observed in photoluminescence 

measurements of these structures for different laser powers. In addition, the signal in the range 

2.76 µm – 2.00 µm (0.45 eV – 0.62 eV) can be assigned to the Sb doped Ge substrate showing 

indirect bandgap-behavior. 
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Figure S1. Diameters of the base Ge1-xSnx determined using top-side SEM images. 
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Figure S2. STEM-EDX maps of a TEM lamella cross section showing the interface area of Sn 

microparticles and in plane microwires. The low Sn content (~4 at%) is not well resolved due to 

the color gamut in presence of the Sn particle and the low concentration.  
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Figure S3. STEM-EDX map of a TEM lamella showing micropillars grown at 300 °C on the Ge 

substrate with (a) as overlay and individual (b) Ge and (c) Sn map. The line in the middle of the 

structure is due to a preferential thinning of the Ge and Ge1-xSnx underneath the Sn particle due to 

a channeling effect by the Sn single crystal and therefore increased sputtering/milling. This is 

caused by a defective Pt protection layer during the lamella formation).  The RIE etching has 

caused a partial removal of the Ge substrate material due to the faster etching of pure Ge and the 

slower etching of Ge1-xSnx by the formation of SnO2.  
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Figure S4. STEM-EDX map of a TEM lamella of a Ge1-xSnx NW grown on the Ge substrate with 

(a) as overlay and individual (b) Ge and (c) Sn map. grown at 325 °C. 
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Figure S5. STEM-EDX map of a Ge1-xSnx NW grown at 325 °C including the Sn tip with (a) as 

overlay and individual (b) Ge and (c) Sn map. 
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Figure S6. STEM-EDX map of a Ge1-xSnx nanocone grown at 325 °C with (a) a STEM image, (b) 

an overlay of Ge and Sn as well as individual (b) Ge and (c) Sn map. (e) shows the homogeneous 

composition along the needle axis with a Sn content of 20.41±1.1 at%.  The values are corrected 

by considering the observed Ge shell thickness in the Ge and Sn maps, which is visible for 

structures without reactive ion etching to remove the parasitic layer. 
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